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ABSTRACT
Dual-phase steels have seen increased use in automotive applications in recent years, in order
to meet the goals of weight reduction and occupant safety. Variations in nitrogen content that may
be encountered in steel sourced from a basic oxygen furnace process compared to an electric arc
furnace process require that dual-phase steel producers understand the ways that nitrogen affects
processing and properties. In the current work, the distribution of nitrogen was investigated in a
dual-phase steel with a base chemistry of 0.1 C, 2.0 Mn, 0.2 Cr, 0.2 Mo (wt pct) across a range
of nitrogen contents (30-159 ppm) with Al (0.2 and 0.08 wt pct), and Ti (0.02 wt pct) additions
used for precipitation control of nitrogen amounts. The distribution of nitrogen amongst trapping
sites, including precipitates, grain boundaries, dislocations, and interstitial sites (away from other
types of defects) was determined from a combination of electrolytic dissolution, internal friction,
and three-dimensional atom probe tomography experiments. Various mechanisms by which differ-
ent amounts and locations of nitrogen affect phase transformations and mechanical properties were
identified from quantitative metallography, dilatometric measurement of phase transformations,
tensile testing, and nanoindentation hardness testing. Results indicate nitrogen that is not precip-
itated with Ti or Al (free nitrogen) partitions to austenite (and thus martensite) during typical
intercritical annealing treatments, and is mostly contained in Cottrell atmospheres in martensite.
Due to the austenite stabilizing effect of nitrogen, the presence of free nitrogen during intercritical
annealing leads to a higher austenite fraction in certain conditions. Thus, the presence of free
nitrogen in a dual-phase microstructure will lead to an increase in tensile and yield strengths from
both an increase in martensite fraction, and an increase in martensite hardness due to solid solu-
tion strengthening. Despite the presence of free nitrogen, no yield point elongation was detected
in tensile stress-strain results, including after 80 ◦C aging treatments. This was likely due to the
partitioning of nitrogen, such that the ferritic regions of the microstructure contained less nitrogen
than is required to saturate the high dislocation density in ferrite. Measured tensile and yield
strength sensitivities to free nitrogen content range between 7 and 13 GPa/wt pct N.
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CHAPTER 1
INTRODUCTION
Automotive manufacturing is increasingly relying on the category of advanced high strength
steels to achieve the desired balance of fuel efficiency, occupant safety, and ease-of-manufacturing
[1]. Prominent among these new grades of steel in structural components are the dual-phase steels,
with a targeted microstructure of ferrite and martensite. Achieving the desired microstructure with
the proper phase fraction and composition of martensite requires careful alloying and processing
control. As a potent solid solution strengthener and austenite stabilizer, nitrogen can therefore
have an important influence on the behavior of dual-phase steel.
Nitrogen is typically present in steel due to absorption from the atmosphere or from other
processing sources. A typical level of nitrogen in steel produced through the basic oxygen furnace
(BOF) steel making is 0.0030 wt pct, or 30 parts per million (ppm). Electric arc furnace (EAF) steel
making often leads to higher nitrogen levels (80–100 ppm) due to the arc dissociating atmospheric
nitrogen, which can then be entrained by the liquid steel. Producers of dual-phase steel must be
able to achieve the desired properties despite the different nitrogen contents of the source material.
An understanding of the mechanisms by which nitrogen affects intercritical annealing and the
mechanical properties of dual-phase steels would allow producers to refine process control with
respect to mechanical properties and optimize effects of nitrogen.
Despite several beneficial effects (e.g. strengthening and precipitation effects) [2, 3], nitrogen
is typically considered a detrimental element due to the possibility of discontinuous yielding (i.e.
yield point elongation). For these reasons, nitrogen is often removed from solution by precipitation
with aluminum (Al) or titanium (Ti). Recent work established that nitrogen in solute form (often
known as free nitrogen) can change the yield strength of dual-phase steels by 4000–7000 MPa/wt
pct [4]. In these steels, changes of total nitrogen content between 30 and 160 ppm did not lead
to yield point elongation at room temperature. Two mechanisms seem likely to contribute to the
nitrogen strengthening effect. First, it is possible that nitrogen is a solid solution strengthener
in either ferrite or martensite. Reported strengthening coefficients for free nitrogen in ferrite from
literature range from 2000-5000 MPa/wt pct N [2, 5–8]. Second, it is possible that nitrogen controls
the martensite content in the final microstructures by influencing the amount of austenite formed
at the intercritical temperature. Calculations (using simulations from Thermo-Calc® and the
strengthening coefficients reported by Davies [9]) indicate that the nitrogen effect on martensite
fraction may influence yield strengths by 2100 MPa/wt pct N [4]. The combined magnitude of
the solid solution strengthening effect and the effect on martensite fraction is very similar to the
observed strengthening effect.
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In order to confirm the solid solution strengthening and martensite fraction effects, as well as
explore other mechanisms that may contribute to strengthening, it is necessary to conduct a more
thorough investigation of the locations of nitrogen in the microstructure, its effects on intercritical
phase stability, and the mechanical properties of the ferrite and martensite that compose the final
microstructure. Figure 1.1 identifies the likely locations of nitrogen in a dual-phase steel microstruc-
ture where Ti and Al nitride precipitation are possible. This work was designed to identify and
Figure 1.1 A schematic representation of the possible nitrogen locations in a dual-phase mi-
crostructure.
quantify the amount of nitrogen in these various locations. Experiments also explore the effects of
nitrogen present in different locations on the mechanisms active during intercritical annealing (i.e.
recrystallization, austenite formation/decomposition, and AlN precipitation). Finally, experiments




This chapter will begin with a discussion of typical dual-phase steel processing paths and
the mechanisms that influence microstructure and mechanical properties. Then, literature related
to the quantitative detection of nitrogen in steel will be reviewed. This research makes use of
aluminum and titanium to control free nitrogen amounts, and the various precipitation reactions
related to those microalloying elements will be reviewed. Following this, literature that discusses
the location of carbon and nitrogen interstitial atoms (as described in Figure 1.1) will be reviewed.
The mechanical property effects of nitrogen reported in dual-phase steels will be reviewed in Section
2.6. The final two sections will discuss nitrogen-related strengthening mechanisms: nitrogen solid
solution strengthening in Section 2.7, and nitrogen stabilization of austenite in Section 2.8.
2.1 Dual-Phase Steel Processing
A dual-phase microstructure is typically identified as a mixture of ferrite and martensite,
though bainite, carbides, and retained austenite are sometimes encountered depending on the alloy
and processing conditions. There are two general paths followed in industrial processing, which are
intercritical annealing followed by a rapid quench, and continuous cooling from a fully austenitic
microstructure. The latter method requires careful alloying and processing to control the stabiliza-
tion of the last austenite present on cooling, such that this austenite is transformed to martensite
(or in some instances bainite). The alloy considered in the current work is designed for a galvan-
nealing process, and thus the intercritical annealing method will be the focus of the majority of
this literature review. An intercritical anneal can be conducted on hot rolled or cold rolled starting
material, and produces a mixture of ferrite and austenite at a temperature between the Ac1 and
Ac3 temperature for that alloy. The cooling path varies for different methods (e.g. galvannealing
and galvanizing), but in general the objective is to transform the intercritical austenite to marten-
site with rapid cooling. The salient mechanisms related to the formation and decomposition of
austenite vary widely, so the focus of the following sections will be limited to a cold rolled steel
undergoing an intercritical anneal with rapid cooling, as has been conducted in the experimental
work.
2.1.1 Intercritical Austenite Formation
The formation of austenite on heating is controlled by nucleation and growth [10]. Two primary
nucleation sites are typically reported: at the boundaries of cementite and ferrite, and on ferrite-
ferrite grain boundaries [11]. Nucleation events on the cementite-ferrite boundaries are generally
reported to have very fast kinetics, and thus the distribution of carbides has a very significant effect
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on the resultant martensite distribution [11, 12]. Nucleation on ferrite-ferrite boundaries is thought
to occur by diffusion of carbon along grain boundaries, and thus is somewhat more kinetically
limited than nucleation on cementite-ferrite boundaries.
Possible nucleation on these two types of boundaries means that the recrystallization of ferrite
and the spheroidization of cementite on initial heating can have a significant impact on the kinetics
of austenite formation [13]. Figure 2.1 compares the amount of austenite formed at 10 K/s and
50 K/s in a 0.08 C, 1.9 Mn alloy for various intercritical temperatures and holding times [10].
At intermediate intercritical temperatures, the higher heating rate leads to a greater amount of
austenite formation. Explanations for this effect vary, but the general consensus is that the increased
austenite formation is due to incomplete ferrite recrystallization. Huang et al. [13] have measured
the kinetics of ferrite recrystallization relative to that of austenite formation, and indicate that
at high heating rates, austenite formation can begin concurrently with the recrystallization of
ferrite. This change in the order of recrystallization can enhance the rate of austenite formation
by providing more ferrite-ferrite nucleation sites [10].
The intercritical temperature influences the mechanisms of austenite formation as well. Fig-
ure 2.2 presents the calculated kinetics of austenite formation in a 0.12 C, 1.5 Mn (wt pct) steel
given several different controlling mechanisms. At low intercritical temperatures (below 780 ◦C),
austenite formation is initially controlled by the dissolution of pearlite. The time for pearlite disso-
lution changes from several hours to just seconds with increasing annealing temperature. At longer
times, the austenite fraction is controlled by the diffusion of Mn until Mn has partitioned to the
equilibrium concentrations. At higher intercritical annealing temperatures (>750 ◦C), the dissolu-
tion of pearlite occurs rapidly, leading to islands of carbon enriched austenite. Further austenite
growth is then controlled by the diffusion of carbon into the adjacent ferrite regions.
Figure 2.1 A comparison of austenite fractions measured by dilatometry formed at 50 K/s (solid
lines) and 10 K/s (dashed lines) for various intercritical temperatures and hold times
in a 0.08 C, 1.9 Mn (wt pct) alloy [10].
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Figure 2.2 A calculated map of the controlling mechanisms for austenite formation at the inter-
critical temperature for a hot rolled 0.12 C, 1.5 Mn alloy [14].
2.1.2 Intercritical Austenite Decomposition
The cooling rate from the intercritical temperature controls the decomposition of the intercrit-
ical austenite. It is possible to create a continuous cooling transformation (CCT) diagram from the
intercritical temperature, as demonstrated by Mohanty et al. [10] in Figure 2.3. The CCT diagram
shows that ferrite formation can occur at slow cooling rates, and that bainite may be formed at
intermediate cooling rates. Only in the fastest cooling rates (>125 ◦C/s from 780 ◦C to 500 ◦C
in the current example) is it possible to transform all of the intercritical austenite to martensite.
The ferrite that forms from the intercritical temperature is often found to grow epitaxially on the
retained ferrite, leading to this new growth of ferrite being called “epitaxial ferrite” [15, 16].
An important factor to consider when discussing the decomposition of austenite from in-
tercritical microstructures is the change in composition that occurs with changing intercritical
temperature. At higher intercritical temperatures, the equilibrium austenite fraction is increased,
and the carbon content of that austenite is reduced. Given the important influence of carbon on
austenite stability during cooling, a change in intercritical temperature can change the kinetics of
the decomposition mechanisms during cooling. Figures 2.4a and 2.4b compare the microstructural
constituents for a 0.063 C, 1.29 Mn, 0.24 Si (wt pct) alloy intercritically annealed at 760 ◦C and
810 ◦C. The horizontal lines at 0.28 (Figure 2.4a) and 0.40 (Figure 2.4b) phase fraction austen-
ite indicate the amount of intercritical austenite formed, and the data points below indicate the
fraction of decomposition products. The increase in austenite fraction led to more epitaxial ferrite
formation at most cooling rates following the 810 ◦C intercritical anneal.
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Figure 2.3 A CCT diagram for a 0.08 C, 1.9 Mn (wt pct) alloy intercritically annealed at 780 ◦C
for 120 s before cooling at the rates (between 780 ◦C and 500 ◦C) indicated for each
curve, showing the phase fraction of polygonal ferrite (PF), bainitic ferrite (BF),
bainite (B), and martensite indicated by the circled numbers, from [10].
(a) (b)
Figure 2.4 Phase maps for a 0.065 C, 1.29 Mn, 0.24 Si alloy intercritically annealed at (a) 760 ◦C
and (b) 810 ◦C before cooling at various rates. Data indicate phase fractions measured
from metallography [15].
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2.2 Dual-Phase Steel Structure-Property Relationships
The stress strain behavior of dual-phase steels is marked by continuous yielding, due to the
high dislocation density [17, 18] or residual stresses near the ferrite-martensite boundary as a result
of the volume change of the martensite transformation. The stress strain curves typically show two
stages of work hardening, related to the initial deformation of ferrite alone, and then deformation
of both phases as yielding progresses. The high work hardening rates during the initial stages of
yielding contribute to favorable uniform elongation properties [18, 19].
One of the primary factors influencing the deformation behavior of dual phase steels is the frac-
tion of martensite. Davies [9] plotted the yield and tensile strengths of several Fe-Mn-C dual-phase
steels (annealed at several intercritical temperatures), as shown in Figure 2.5. The strengthening
seen as a function of martensite fraction in both the yield and tensile behavior can be quantified
in the following equations:
σYS = 103 + 11.1 × %M, MPa (2.1)
σUTS = 365 + 16.3 × %M, MPa (2.2)
where σ indicates yield (YS) or tensile (UTS) strength, and %M indicates the percentage of marten-
site. The linear behavior shown here however, indicates the the strength of martensite in the steels
represented in Figure 2.5 is approximately constant with changing martensite fraction, despite
the decreased carbon content of martensite with increased martensite fraction. Other authors
[14, 20, 21] have found non-linear relationships indicating that the lower carbon martensite formed
at higher intercritical temperatures does lead to less strengthening than indicated by the linear re-
Figure 2.5 The relationship of yield and ultimate tensile strengths as a function of martensite
area fraction for several alloys and intercritical temperatures reviewed by Davies [9].
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lationship in Figure 2.5. The effect of reduced carbon content is likely contained within the scatter
of Davies’ linear fits [18].
Davies also modeled the strengthening due to martensite fraction using the composite model
described by Mileiko [22] and Garmong and Thompson [23], and found good agreement with ex-
perimental ductility data. The composite model utilizes a rule of mixtures approach to modeling
composite behavior of a two phases (originally fiber composites in a ductile matrix) with flow
properties that can be described with an exponential strain hardening equation:
σ = s∗εne−ε (2.3)
where σ is the flow stress, s∗ is the critical engineering stress for necking, ε is strain, and n is the
critical strain at necking. Making several substitutions to place the relationship in terms of critical



















where fM is the volume fraction of martensite, σ
∗
M is the ultimate tensile strength of martensite, ε
∗
M
is the uniform strain of the martensite, σ∗F is the ultimate tensile strength of the ferrite, and ε
∗
F is the
uniform strain of the ferrite. Thus, a stress-strain curve can be modeled for any combination of two
phases when the properties of the separate phases are known. Davies found good agreement with
experimental results for σ∗M = 2000 MPa, ε
∗
M = 0.07, σ
∗
F = 415 MPa, and ε
∗
F = 0.31. Figure 2.6
shows the predicted flow curves for martensite, ferrite, and a 30 pct martensite composite calculated
from Equation 2.4. As a function of martensite fraction, this model predicts a linear behavior, which
is in keeping with the experimental data reviewed by Davies (Figure 2.5). Solving Equation 2.4 for
a 0.2 pct flow stress as a function of martensite volume fraction using the coefficients reported by
Davies provides the following relationship:
σ0.2 pct = 118 + 15.5 × %M, MPa (2.5)
The combined effect of martensite fraction and martensite particle size has also been modeled
by Lanzillotto and Pickering [24] using an Ashby work hardening approach [25] to consider the
effects of the forest dislocations in martensite. The general form of the equation used by Lanzillotto
and Pickering was developed by Brown and Stobbs for a copper matrix with dispersed particles of
silica [26]. Modifying the notation to apply to dual-phase steel, the flow stress (σ) can be calculated
by

















where σ0 is a constant, M is the Taylor factor (2.788 is used subsequently), α is a constant, G is the
shear modulus, b is the magnitude of the Burger’s vector, fv is the volume fraction of martensite,
εp is the plastic strain, and λM-A is the martensite island size. The equation can be modified for
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Figure 2.6 An application of the Mileiko model (Equation 2.4) [22, 23] for the calculation of a
flow curve for a 30 pct martensite dual-phase steel using the experimental coefficients
from Davies [9].
total strain by substituting ε = εp+σ/E. Lanzillotto and Pickering also demonstrate that the term
raised to the 1/8th power is experimentally close to 1, and varies only slightly with martensite
fraction [24]. Using a value of 1 for this term and combining the constants simplifies the equation
to









where ε is now the total strain. The form of this equation indicates a Hall-Petch behavior with
respect to the free path in martensite (λ
−1/2
M-A ), but indicates that the dependence on volume fraction
of martensite fv has both a linear and square root component. Lanzillotto and Pickering applied
this model to 0.08 C, 0.8 Mn, 0.25 Si (wt pct) steels using the particle size of martensite as the
mean free path, which is shown in Figure 2.7 for 20 pct and 30 pct martensite steels. The generally
good agreement indicates that this model should be considered to capture both martensite fraction
and particle size effects in dual-phase steels.
The condition of the ferrite has also been shown to have significant effects on the strength of
a dual-phase steel. Huppi et al. [16] considered the effects of epitaxial ferrite fraction at a constant
martensite fraction on the tensile properties of dual phase steels. Varying the intercritical annealing
temperature created a range of intercritical austenite with varying carbon content, and therefore
stability against epitaxial ferrite growth on cooling. Selecting a cooling rate of 23 ◦C/s allowed for
differing amounts of epitaxial ferrite with a fairly constant 12-15 pct martensite. Figure 2.8 indicates
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Figure 2.7 The modeled and experimental flow stress at 0.2 strain for 0.08 C, 0.8 Mn, 0.25 Si
(wt pct) dual-phase steel with 0.20 and 0.30 martensite area fractions, showing good
agreement with the Ashby work hardening model (Equation 2.7) [24].
that increasing epitaxial ferrite amounts led to a decrease in strength, with a corresponding increase
in ductility. Huppi et al. indicate the increased ductility and decrease in strength represents the
properties of the epitaxial ferrite, which is relatively low in carbon content and free of precipitates
in microalloyed steels [16].
2.3 Detection Techniques for Solute Nitrogen
The total amount of nitrogen in a sample can be determined through many common methods,
such as optical emission spectroscopy (OES) or the inert gas fusion technique [27] (the method
used by LECO® interstitial analyzers). The values measured by these methods indicate nitrogen
in solution as well and nitrogen combined as precipitates. Several methods exist to separate the
amount of solute or free nitrogen in steels, which are reviewed in the following sections.
2.3.1 Chemical Methods
Free nitrogen in steel can be detected by placing a sample in a hydrogen gas environment and
heating the sample to allow the free nitrogen to diffuse to the surface and combine with the H2 to
form ammonia. The ammonia can then be quantified as part of the reaction gas [28]. This method
is somewhat disadvantageous for industrial analyses due to the amount of time necessary to allow
for diffusion, and the fact that the time at temperature will allow precipitation reactions to occur
during the test. As a consequence, the “wet-hydrogen” method is most applicable for determining
the equilibrium amount of free nitrogen in a test specimen. The method has been used for the
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Figure 2.8 The UTS and elongation attained after varying the intercritical annealing temper-
ature to attain various austenite fractions in a 0.12 C, 1.42 Mn, 0.29 Si, 0.035 Al,
0.045 V (wt pct) alloy cooled at 23 ◦C/s such that the final microstructure contained
between 12 and 15 pct martensite [16].
determination of equilibrium solubility products for AlN precipitation by measuring the amount of
nitrogen evolved (as ammonia) during heating to and above the solution temperature for different
combinations of Al and N [29].
Other methods to determine free nitrogen content involve the use of acid dissolution, where an
acid (typically containing hydrochloric acid, HCl) is selected to dissolve the steel matrix without
dissolving the precipitated nitrogen. The residual precipitates can be filtered and the nitrogen
content of the solution measured by any of several methods (e.g. ammonia evolution or gas chro-
matography). While this method is better able to analyze non-equilibrium free nitrogen levels,
measurements have been shown to depend heavily on the acid solution selected, with fairly low
repeatability between laboratory facilities [28]. The selection of a particular acid and its concen-
tration may lead to dissolution of some of the precipitates as well as the matrix (particularly with
AlN, which shows some solubility in water). Results must therefore be reported as “acid-soluble”
and “acid-insoluble” nitrogen, which do not necessarily relate to the nitrogen in solution in the
original steel sample [28]. To address the solubility of AlN in aqueous solutions, Beeghly [30] de-
veloped a technique to dissolve the steel matrix in bromine-methyl acetate (several ester-halogen
solvents have been subsequently used), where AlN has much more limited solubility, followed by
filtration and a wet-hydrogen analysis of the separated precipitates. Results from this technique are
generally considered more reliable, but criticism indicates that some particles are lost in filtration
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or dissolution in the solvent [28]. The Beeghly method also does not distinguish between nitrides
in steels having multiple microalloying additions, since the nitrogen in precipitate form is measured
in sum.
Further refinement of the dissolution method for the analysis of precipitates led to the devel-
opment of a method termed “selective potentiostatic etching by electrolytic dissolution” (SPEED),
which uses a methanol based electrolyte and an applied surface potential to selectively dissolve the
steel matrix [31, 32]. Figure 2.9 shows the polarization curves of carbon and stainless steel along
with common carbides (Figure 2.9a) and nitrides (Figure 2.9b). These curves identify that surface
potentials of less than 800 mV (vs. saturated calomel electrode) will lead to dissolution of the steel
matrix (as indicated by the high current densities), but little to no dissolution of precipitates. In
the SPEED method, precipitates are filtered and analyzed by electron microscopy or other analysis
techniques. The amount of free nitrogen can be determined by difference from a total nitrogen
measurement by other methods.
(a) (b)
Figure 2.9 Polarization curves (the current density developed for each phase as a function applied
surface potential measured against a saturated calomel electrode (SCE)) for carbon,
stainless steel, (a) common carbides [31], and (b) common nitrides [32], replotted
from [31–33].
2.3.2 Internal Friction
Snoek [34, 35] reported anelastic magnetic properties in iron with small amounts of carbon or
nitrogen, and later confirmed that this effect could be seen in mechanical vibration dampening as
well [36]. These anelastic effects were theorized to be due to the reconfiguration of interstitial atoms
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based on the imposed magnetic or mechanical perturbations. Figure 2.10 shows the dampening
peak (which has become known as the Snoek peak) recorded in iron with 0.02 wt pct N additions,
as well as markers for the peak amplitude following heat treatments of 58 ◦C, 100 ◦C, and 158 ◦C.
The decreasing magnitude of the Snoek peak indicates that nitrogen that has diffused to various
trapping sites (e.g. grain boundaries, dislocations) and does not contribute to the magnitude of
the Snoek peak.
Figure 2.10 The dampening peak reported by Snoek [36] for pure iron (dashed line) and iron
with approximately 0.02 wt pct N (solid line). The crosses marked 1, 2, and 3 are
the peak heights following one hour aging treatments at 58 ◦C, 100 ◦C, and 158 ◦C,
respectively.
Snoek peaks in steels with higher Mn contents have shown additional peaks shifted in position
from the nitrogen peak in iron [37]. These peak shifts have been attributed to a change in the
kinetics of nitrogen jumping between adjacent interstitial sites near a substitutional Mn atom [37–
39]. Three different Snoek peaks have been identified, relating to a nitrogen atom in a simple
interstitial site (the h0 peak), an interstitial site adjacent to one Mn atom (the h1 peak), and an
interstitial site adjacent to two Mn atoms (the h2 peak). As the amount of Mn alloying increases,
the number of two-Mn nearest neighbor interstitial sites (n2 sites) increases, and since these are
more energetically favorable locations for nitrogen, the ratio of occupancy of n2 sites to simple
interstitial sites (n0 sites) increases, as reported by Jung et al. [40] in Figure 2.11.
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Figure 2.11 The relative occupancy of (a) n2 sites to n0 sites, and (b) n1 sites to n0 sites with
increasing Mn content. [40]





where τ0 is the time constant for the phenomenon, Qact is the apparent activation energy, k is the
Boltzmann constant, and T is temperature in Kelvin. Values for τ0 and Qact reported by several
researchers [39, 41, 42] are shown in Table 2.1. The activation energy for a jump from an interstitial
site with one adjacent Mn atom (n1 site) is somewhat higher than jumps from simple interstitial
sites (n0 sites). The h2 peaks however, have a lower activation energy than the h0 peak. The lower
activation energy is related to interstitial atoms jumping to nearest neighbor interstitial sites that
are still adjacent to two Mn atoms, and thus the energy barrier for movement between those sites
is less than for jumps that involve returning to a simple interstitial site [37, 43]. In addition to the
difference in activation energy, the various interstitial locations of nitrogen have a different efficiency
Table 2.1 – τ0 and Qact Values (Equation 2.8) for Snoek Peak Phenomenon from Ritchie and
Rawlings [39], Kruk et al. [41] and De Cooman et al. [42]
Dampening τ0 Qact (eV)
Peak (10−15 s) [39] [41] [42]
C 1.89 0.874 0.869 0.872
h2 (N) 2.38 0.761 0.764 0.759
h0 (N) 2.38 0.808 0.794 0.807
h1 (N) 2.38 0.839 0.846 0.837
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for dampening a vibration. The total amount of interstitial nitrogen (N) can be calculated from
the recorded dampening magnitudes peaks using the empirical equation reported by Stephenson:
N = 23300 ·Q−1h2 + 8300 ·Q
−1
h0 + 7500 ·Q
−1
h1 (2.9)
where Q−1i is the peak magnitude of the h2, h0, and h1 peaks [44].
2.3.3 Strain Aging
Solute nitrogen can also be detected in ferrite based on strain aging behavior. Morrison
measured the change in yield stress following straining and aging at relatively low temperatures
(80–100 ◦C) to find the maximum change in yield stress for various amounts of free nitrogen, as
shown in Figure 2.12. Strain aging has a large effect on yield strengths at low nitrogen levels, and
saturates after about 60 ppm nitrogen at a change of 60 MPa. It is expected that the amount
of solute nitrogen can be estimated by examining the change in yield stress following aging. This
measurement however, is complicated by the necessity of distinguishing carbon aging from nitrogen
aging.
Figure 2.12 The maximum change in yield strength from varying strain aging treatments as a
function of solute nitrogen content [2].
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2.3.4 Atom Probe Tomography
3D atom probe tomography has been used to locate nitrogen with a spatial resolution capable
of detecting partitioning to grain boundaries [45]. Because the method of differentiating ions in the
atom probe instrument employs time-of-flight (which is controlled by the mass:charge ratio), some
difficulty arises when the alloy in question also contains Si [46]. N+ ions, with an atomic mass of
about 14 amu, and Si2+ ions with a mass of about 28 amu appear at a mass:charge ratio of 14 amu.
Authors that examine nitrogen contents in steels will often assure that Si contents are low enough
to be a small contribution to the intensity measured at 14 amu [45].
2.4 Precipitation Reactions
The work presented in this theses makes use of both Ti and Al to control the amount of
nitrogen in solution through precipitation. The presence of excess Ti also allows for the possibility
of TiC formation. This section will discuss the thermodynamics, kinetics, and mechanical property
effects of the TiN, AlN, and TiC precipitation that will form the basis of the experimental design,
and inform the results to be presented in later chapters.
2.4.1 Titanium Nitride
TiN precipitates in an fcc (NaCl-type) structure with a lattice parameter of a = 4.230 Å, often
at relatively high temperatures compared with other microalloy precipitates [47, 48]. The solubility










where [Ti]L is the weight percent of Ti (or nitrogen, as appropriate) in the liquid (γ and α indicate
austenite and ferrite, respectively), and T is temperature in Kelvin. The coefficients in each case
indicate high stability of the TiN precipitate in each phase, and as such, TiN precipitation in
liquid steel or at high temperatures in the austenite is not uncommon. Due to the high solubility
temperatures, diffusion kinetics are often rapid. In this way, Ti is very effective for stabilizing
nitrogen [47]. The high precipitation temperatures for TiN often lead to large TiN particle sizes,




The most stable form of AlN in steel has a hexagonal (wurtzite) crystal structure with lattice
parameters a = 3.11 Å and c = 4.98 Å [28]. The low potential for coherency of this hexagonal
structure with the matrix significantly impacts the distribution and kinetics of AlN precipitation.
The difficulty of intragranular nucleation leads to the formation at austenite grain boundaries, as
a complex precipitate [28, 50], and especially on dislocations [28, 50, 51]. At higher driving forces,
precipitation of a cubic (NaCl-type) transition AlN structure with a lattice parameter of 4.071 Å
has been observed [28, 52]. Orientation relationships for large intragranular AlN particles with a
hexagonal structure indicate that these precipitates nucleate as cubic particles in austenite before
a subsequent transformation to the hexagonal AlN.
The solubility product relationships reported for AlN have shown a large dependence on the
method of determination. The equilibrium method using H2 gas to form ammonia has been used
in some cases [29], but subsequent determinations using the Beeghly method [30] are generally
considered more representative of industrial production [28]. The solubility product for AlN in
austenite reported by Leslie [53] and that for ferrite [48] are






where notation is as described in Equations 2.10–2.12. These equations indicate that AlN is some-
what more soluble in austenite than ferrite (assuming constant temperature), but interphase pre-
cipitation is rarely seen [28].
As suggested by the low potential for coherency of a hexagonal precipitate in cubic structures,
the precipitation kinetics of AlN are relatively slow. Figure 2.13 presents an isothermal transforma-
tion diagram for AlN precipitation in both austenite and ferrite for a 0.05 C, 0.3 Mn, 0.12 Al, 0.007
N (wt pct) alloy [28]. The kinetics of precipitation in ferrite are somewhat faster than precipitation
in austenite, but precipitation requires several minutes at intercritical temperature for 50 pct AlN
precipitation to complete.
A primary control over the time available for AlN precipitation in industrial production is
the coiling temperature following hot rolling. Higher coiling temperatures allow more time at
temperature for AlN to precipitate, and decreasing the coiling temperature can limit or, in some
cases, nearly completely suppress AlN precipitation [28]. Figure 2.14 shows the amount of AlN
precipitation for differing levels of Al (Figure 2.14a) and N (Figure 2.14b). In this case, a coiling
temperature of 730 ◦C was sufficient to allow complete precipitation of N as AlN in all cases except
the lowest Al contents. As the composition approaches AlN stoichiometry (about 0.01 wt pct Al
in Figure 2.14a), the amount of N precipitated as AlN decreases. At lower coiling temperatures,
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Figure 2.13 An isothermal transformation diagram (and corresponding phase diagram) showing
the time required for 50 pct AlN precipitation in a 0.05 C, 0.3 Mn, 0.12 Al, 0.007
N (wt pct) alloy [28].
only partial AlN precipitation is observed, indicating that the coil was cooled quickly enough that
the precipitation was limited by Al diffusion.
When AlN precipitation is avoided during cooling and coiling from hot rolling, precipitation
can still occur later during processing. In these cases, precipitation kinetics can be altered by the
presence of dislocations present from cold reduction, which are potent nucleation sites for AlN
[28, 51]. Radis and Kozeschnik [51] modeled precipitation on reheating using both dislocations and
grain boundaries as nucleation sites. The model accounts for different mechanisms that may affect
precipitation rates, including grain boundary diffusion and volumetric or strain energy (Young’s
modulus) misfit between the matrix and precipitate. The solid lines in Figure 2.15 show examples
of the modeled precipitation of AlN in austenite on reheating to 982 ◦C (Figure 2.15a) and 871 ◦C
(Figure 2.15b) in an alloy containing 0.079 Al and 0.0057 N (wt pct). The data points indicate
experimental values reported in several different literature sources. Though precipitation in these
cases is somewhat accelerated relative to the precipitation indicated in Figure 2.13, precipitation
at the lower temperatures where austenite is stable is still relatively slow, requiring several minutes
to reach 50 pct precipitation. Figure 2.16 presents calculations and literature values for the precip-
itation kinetics for reheating in ferrite. The increase in AlN precipitation kinetics in ferrite is again
apparent in these data. In these cases, full precipitation of AlN can be seen in several hundred
to about 1000 seconds. Though the model results for the alloys and temperatures discussed here
indicate mostly precipitation on ferrite grain boundaries, higher Al contents were seen to have a
significant number of precipitates formed on dislocations.
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(a) (b)
Figure 2.14 The effect of coiling temperature on precipitated nitrogen amounts following hot
rolling (a) as a function of Al with 58 ppm N, and (b) as a function of N with
0.05 wt pct Al [54].
(a) 982 ◦C (b) 871 ◦C
Figure 2.15 Modeled (solid line) and literature values (open points) for the kinetics of AlN
precipitation in austenite on reheating to (a) 952 ◦C and (b) 871 ◦C in a 0.079 Al
0.0057 N (wt pct) alloy with a 50 µm grain size [51].
The reported mechanical property effects of AlN precipitation vary widely depending on the
mechanism by which AlN affects strength. The AlN precipitates that form during cooling from hot
rolling are generally too large to be effective at interacting with dislocations to create precipitation
strengthening [28]. Ichiyama et al. conducted a study to create a fine dispersion of AlN particles
by precipitation at low temperatures (using long holding times at temperature) and found that
AlN precipitates could produce a change in yield strength of about 30 MPa. This effect though,
was almost completely negated by the loss of solid solution strengthening due to reduction of
solute nitrogen. Despite the ineffectiveness of direct precipitation strengthening, AlN can have
very important effects on grain size during steel processing. AlN has been shown to be an effective
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(a) 750 ◦C (b) 730 ◦C
Figure 2.16 Modeled (solid line) and literature values (open points) for the kinetics of AlN
precipitation in ferrite on reheating to (a) 750 ◦C and (b) 730 ◦C in a 0.047 Al,
0.0043 N alloy with a 10 µm grain size [51].
grain boundary pinning precipitate, during recrystallization and growth of both austenite and
ferrite [28, 55–58]. The refinement of the microstructure by AlN pinning is therefore an important
strengthening mechanism in steels containing Al. The most effective particles for grain boundaries
are relatively small and closely spaced, and so it is often best to suppress AlN precipitation following
hot rolling, and allow precipitation to occur during lower temperature batch or continuous annealing
treatments following cold rolling [28, 59].
2.4.3 Titanium Carbide
Like TiN, TiC precipitates in an fcc (NaCl-type) crystal structure, with a lattice parameter of











TiC is somewhat more soluble in liquid and austenite than TiN, and typically precipitates at a
lower temperature. The precipitates are often finer in these cases, and can have significant effects
on mechanical properties. Soto et al. [49] examined effects of TiC precipitates in dual-phase steels,






where σp is the strength due to precipitates, M is the Taylor factor, Γ is the line tension of a
dislocation, f is the precipitate fraction, b is the magnitude of the Burger’s vector, and Rs is the
average radius of the precipitates.
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2.5 Location of Interstitials in Steel Microstructures
The nitrogen and carbon that does not precipitate may exist in several places throughout the
microstructure, driven by the limited solubility in ferrite (or equally so, martensite). The equilib-
rium thermodynamic solubility of carbon at room temperature in ferrite is very small (less than
1 ppm relative to Fe3C formation [60]), while nitrogen may be slightly more soluble (about 1 ppm
relative to Fe16N2 formation [60]). These equilibrium solubilities may have very little practical
meaning, however, since precipitation near room temperature from low supersaturation is very
slow. In addition, the thermodynamically stable iron nitrides (both Fe16N2 and Fe4N are some-
times reported) have been found to be less stable than nitrogen decorating a dislocation, and are
not observed to form in steels [28]. Rather, carbon and nitrogen exist in the microstructure either
as a supersaturated interstitial (a zero-dimensional crystal defect), or the supersaturation can be
reduced by interaction with other crystal defects (1D or 2D) at higher temperatures.
Interstitial segregation to grain boundaries in ferrite has been observed for both carbon and
nitrogen. Hondros [61] examined segregation of nitrogen in alloys created by equilibrating samples
(in the δ-ferrite between 1400 and 1500 ◦C) with mixtures of N2, H2, and argon. The solubility at
grain boundaries was then inferred by the difference in solubility between samples of differing grain
size. Hondros calculated the grain boundary concentration of a solute (Xb) in comparison to the
bulk concentration (X) using the equation
Xb
X
≈ e(Qb/RT ) (2.19)
where Qb is the apparent activation energy for grain boundary segregation, R is the universal gas
constant, and T is the temperature in Kelvin. In the study of 0.01 N (at pct) alloys, Hondros
found a grain boundary segregation energy for nitrogen of 88 kJ/mol, indicating that nitrogen will
partition to ferrite grain boundaries. Takahashi et al. [45] performed experiments in α-ferrite using
atom probe tomography for the detection of carbon and nitrogen at boundaries. The atom probe
was used to measure concentrations near boundaries relative to bulk concentration, and calculate
a segregation energy for carbon of 78 kJ/mol, and 57-59 kJ/mol for nitrogen. The somewhat lower
segregation energy of nitrogen relative to carbon indicates that nitrogen will not segregate to grain
boundaries as readily as carbon.
Wilde et al. [62] have performed atom probe analysis of dislocations in martensite with carbon
contents of 0.10 C, 0.15 C, and 0.18 C, showing partitioning of carbon to the core of dislocations.
The carbon was concentrated in a radius of around 7 nm (though not necessarily radially symmet-
ric), and had a maximum concentration of about 8±2 at pct at the core. This size of atmosphere
corresponds to an elastic interaction energy of about 0.9 eV, though several other estimates predict
a value of between 0.6 and 1 eV [62].
Finally, the distribution of carbon in a dual-phase steel has been examined through atom probe
tomography by Barnard et al. [63]. They found significant carbon partitioning to austenite films
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in the martensite phase, and that there was also carbon segregation to the martensite-austenite
interface. They attribute this enrichment of austenite to the greater solubility of carbon in austenite
than martensite. Furthermore, they observe that the carbon distribution within the martensite is
not uniform, and suggest that this indicated carbon segregation to dislocations [63].
2.6 Nitrogen Effects Reported in Dual-Phase Steel
The effect of nitrogen in dual-phase steels has been examined in several places throughout
the literature, with many finding important effects on mechanical properties. Lanzillotto and
Pickering noted that increasing nitrogen from 0.008 to 0.016 wt pct had the effect of refining
grain sizes, increasing flow stresses, fracture stress, and work hardening rates [24]. This study was
conducted in V containing steels however, and so the nitrogen effects on strength in this case is
likely due to increased VN precipitation, leading to a refinement of the microstructure. Several other
studies indicate the importance of nitrogen for grain refinement strengthening through microalloy
precipitation [55, 58, 64].
Work that considers the effects of solute nitrogen in dual-phase steel is somewhat less common.
Messien et al. have examined the effects of solute nitrogen content on several strength and ductility
parameters for series of dual-phase steels with 0.05–0.1 C, 1.0–1.7 Mn, and 0.005–0.0025 N (wt
pct) [65], as shown in Figure 2.17a. Messien et al. found an decrease in tensile strength, with an
increase in yield strength with increasing total nitrogen content [65]. However, the researchers did
not identify a mechanism for these changes. It is possible that the change in yield strength is due
to an increase in strain aging with increasing total nitrogen (which is consistent with the decrease
in tensile strength), but Messien et al. did not distinguish nitrogen in solution from precipitate
nitrogen.
Nakaoka et al. did identify properties as a function of solute nitrogen and carbon, as shown
by the solid symbols in Figure 2.17b. In this case, Nakaoka et al. found an increase in tensile
strength with increasing solute content, but little to no change in yield strength. If both carbon and
nitrogen are in solute form in these dual-phase steels, the absence of any solid solution strengthening
contribution to the yield strength is unexpected. Nakaoka et al. do not identify mechanisms for the
changes observed in these dual-phase steels.
Recent work [4] has found a substantial increase in both yield and tensile strengths in dual-
phase steel with increasing nitrogen content. Figure 2.18 shows the measured yield and tensile
strengths as a function of total nitrogen content for 0.1 C, 2.0 Mn, 0.2 Cr, 0.2 Mo steels (the same
base alloy that will be discussed throughout this work) containing about 0.02 Al (wt pct), and coiled
at 550 ◦C. The low aluminum contents and low coiling temperature should both work to minimize
AlN precipitation in these alloys, and with only residual Ti, V, and Nb, the nitrogen is expected to
be mostly in solution in these cases. Estimations of the amount of AlN precipitation (determined
based on the work of Pradhan [54], Figure 2.14) are indicated by the horizontal uncertainty bars
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(a) Messien et al. (b) Nakaoka et al.
Figure 2.17 Reported nitrogen effects in dual phase steels. (a) The effect of total nitrogen
content found by Messien et al. [65] for dual-phase steels with 0.05–0.1 C, 1.0–1.7
Mn, and 0.005–0.0025 N (wt pct), possibly indicating an increase in strain aging with
increasing nitrogen content. (b) The effects of solute carbon and nitrogen in dual-
phase steels (indicated by the filled data points), as determined by Nakaoka et al.
[66].
on the figure. The 40% and 70% cold rolled steels in this case showed yield strength increases of
about 4000 MPa/wt pct and 7000 MPa/wt pct, respectively. Previous work [4] indicated that the
combined effect of solid solution strengthening and the effects of nitrogen on intercritical phase
stability could account for the magnitude of the changes in strength with nitrogen content. These
two mechanisms will be discussed in depth in the following sections.
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Figure 2.18 The sensitivity of yield strengths to total nitrogen content in the LowAl, Low CT
alloys and conditions. Points represent total nitrogen and uncertainty bars indicate
the likely reduction in free nitrogen due to precipitation determined from [54].
2.7 Solid Solution Strengthening of Interstitial Nitrogen
Nitrogen is known to act as a solid solution strengthener in both ferrite and martensite.
Figure 2.19 shows data from Pickering from publications in 1977 [8] and 1989 [3] reporting the
effects of nitrogen on yield strength in ferrite (Figure 2.19a) and on the hardness of martensite
(Figure 2.19b). The slope of the nitrogen line in Figure 2.19a indicates a linear 3700 MPa/wt pct
increase in yield strength with free nitrogen content. The reported value of this coefficient varies
in several sources throughout the literature, and possibly depends on the method of determining
nitrogen content. Table 2.2 summarizes the reported nitrogen strengthening coefficients reported
in literature, and the methods by which they were determined (when available). In general, the
Table 2.2 – Reported Nitrogen Solid Solution Strengthening Coefficients for Yield Strength in
Ferrite
Coefficient Mechanical N-Measurement
(MPa/wt pct) Property Method Reference
3677 σ0
a Equilibrium with NH3+H2 gas Heslop and Petch [5]
∼5000 CRSS Internal Friction Nakada and Keh [6]
1791 Yield Stress Acid Dissolution Ichiyama et al. [7]
3700 Yield Stress Not Reported Pickering [8]
∼5000 Yield Stress Not Reported Morrison [2]




Figure 2.19 The solid solution strengthening effects of nitrogen on (a) the yield strength of ferrite
[8] and (b) the hardness of martensite [3].
reported nitrogen solid solution strengthening coefficients are less than those seen in dual-phase
steels (Figure 2.18). The exception is the value from Nakada and Keh [6], which is reported as
a critical resolved shear stress. When this single crystal value is multiplied by the Taylor factor
to account for polycrystalline samples, that value is much higher than the other reported values
in Table 2.2. This value was calculated from nitrogen contents determined from internal friction,
however, which is not sensitive to nitrogen on grain boundaries or decorating dislocations (see
Figure 2.10). Since nitrogen at dislocations or grain boundaries may still affect yield strengths, the
solid solution strengthening coefficient reported by Nakada and Keh may be an overestimate for
steels.
2.8 Nitrogen Effects on Austenite Stability
It has also been hypothesized that nitrogen may affect strength in dual-phase steels by altering
the thermodynamics or kinetics of intercritical phase transformations. As an austenite stabilizer,
it is possible that nitrogen may lead to a higher intercritical austenite fraction, and thus a higher
martensite fraction in room temperature microstructures. Combined with Thermo-Calc® predic-
tions of the effects of nitrogen on intercritical austenite fractions, the author’s M.S. thesis estimates
that this effect may lead to about 2100 MPa/wt pct N strengthening [4].
Nitrogen effects on the stability of austenite have been seen in several other studies, though
in processing paths fairly different than dual-phase steel. Bell and Owen [67] examined martensite
formation in the Fe-N system (at much higher N contents than previously discussed here). Fig-
ure 2.20 shows that Fe-N martensite had more retained austenite than Fe-C martensite of similar
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Figure 2.20 The amount of retained austenite in quenched Fe-N martensite as compared to Fe-C
martensite as a function of interstitial content, replotted from Bell and Owen [67].
composition. These data indicate that nitrogen may act to suppress the martensite transformation
in a way that is similar or more effective than carbon. Staiger et al. [68] found that increasing ni-
trogen from 0.003 to 0.011 in 0.07-0.11 C, 1.5 Mn, 0.85 Si (wt pct) wire had the effect of increasing
martensite-austenite constituents by as much as 8 pct when cooling from austenite at 5.2 ◦C/s, as
shown in Figure 2.21. They conclude that nitrogen suppresses the pearlite start temperature. Fur-
thermore, the addition of excess Ti (thereby removing nitrogen from solution) removed the effect
entirely, suggesting that the effect was specifically related to solute nitrogen.
Baik et al. [69] examined the effects of nitrogen content in austempered transformation-induced
plasticity (TRIP) steels, using nitrogen contents between 0.003 and 0.015 wt pct. They found that
(a) (b)
Figure 2.21 Variations in MA constituent fraction with varying N content and cooling rate found
by Staiger et al. [68] in the study of (a) 0.07 and (b) 0.11 wt pct C steels containing
1.5 wt pct Mn, and 0.85 wt pct Si. Data suggest that nitrogen may suppress the
kinetics of the pearlite reaction.
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increased nitrogen content led to a higher fraction of retained austenite, and this higher austenite
fraction led to better strength and elongation properties. Baik et al. suggest that AlN precipitation
had a refining effect on the grain size, and may also have slowed the transformation kinetics of
retained austenite by pinning boundaries. Lee et al. [70] conducted a similar study in 0.1 C, 1.5-
1.7 Mn, 1.2-1.5 Si TRIP steels, and found that solute nitrogen content led to greater fractions of
austenite after galvannealing. They conclude that nitrogen (having very low solubility in cementite)
retards the formation of cementite during galvannealing, leading to more austenite stabilization




This chapter presents the selection of alloys and conditions used to create a range of solute
nitrogen levels. Following that, the processing paths used to simulate industrial production of
dual-phase steels are presented. Then, the methods used to characterize the microstructures are
described. The subsequent sections (Sections 3.4–3.7) discuss the experiments designed to quantify
the amount of nitrogen in various locations in the microstructure (as described in Figure 1.1). The
dilatometry performed to explore the effects of solute nitrogen amounts and locations on intercritical
phase stability is discussed in Sections 3.8 and 3.9. The last two sections in this chapter discuss
the methods used to measure mechanical properties, both of the individual ferrite and martensite
phases (Section 3.10) and bulk tensile properties (Section 3.11).
3.1 Alloy Design
A sequence of six alloys with variations in total nitrogen content and nitrogen stabilizers was
used to create a range of solute nitrogen levels. The base alloy used was designed for a commercial
continuous galvannealing line with a nominal composition of 0.1 C, 2.0 Mn, 0.2 Cr, 0.2 Mo (wt pct).
The measured composition of the base alloying elements for the six alloys used is shown in Table 3.1,
and the measured levels of nitrogen and nitrogen stabilizing elements are shown in Table 3.2. Three
total nitrogen levels are used, and referenced as the LowN, MedN, and HighN levels throughout
the rest of this work. The LowN (0.003 wt pct N) level is representative of BOF steelmaking,
and the MedN (about 0.008 wt pct) level is representative of EAF steelmaking. The HighN alloy
was selected to have an alloy with a large amount of free nitrogen. Two levels of aluminum were
used to stabilize nitrogen, LowAl (0.02 wt pct) and HighAl (0.08 wt pct). These are generally
representative of a minimal amount employed for oxygen removal (Al-killed steel), and a level
sufficient to effectively stabilize higher nitrogen levels. Residual Ti levels are present except for
one condition containing excess Ti relative to TiN stoichiometry, included to have an alloy where
nitrogen is completely stabilized. Two levels of aluminum were used to stabilize nitrogen, LowAl
(0.02 wt pct) and HighAl (0.08 wt pct). These are generally representative of a minimal amount
employed for oxygen removal (Al-killed steel), and a level used to stabilize higher nitrogen levels
seen from EAF production. Residual Ti levels are present except for one condition containing excess
Ti relative to TiN stoichiometry, included to have an alloy where nitrogen is completely stabilized.
It is possible to calculate the expected amount of soluble nitrogen with respect to a sequence
of TiN and AlN formation using the solubility products presented in Chapter 2, Equations 2.11,
2.13, and 2.14. Figure 3.1 shows the result of this calculation for each of the alloys shown in
Tables 3.1 and 3.2. The curves representing soluble nitrogen with respect to AlN precipitation were
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Table 3.1 – Concentration of Elements in the Experimental Steels as Measured by Optical
Emission Spectroscopy (OES) by U.S. Steel, wt pct
Alloy Ca Mn Si Cr Mo Ni Cu P Sa
LowN-LowAl 0.095 1.98 0.013 0.20 0.20 0.002 <0.001 0.0082 0.0039
LowN-HighAl 0.095 1.99 0.013 0.20 0.20 0.002 <0.001 0.0085 0.0037
LowN-HighAl-Ti 0.095 1.99 0.013 0.20 0.20 0.002 <0.001 0.0077 0.0039
MedN-LowAl 0.096 1.97 0.028 0.20 0.20 0.002 <0.001 0.0045 0.0031
MedN-HighAl 0.093 1.97 0.029 0.20 0.20 0.002 0.001 0.0044 0.0030
HighN-LowAl 0.096 1.98 0.029 0.20 0.20 0.002 0.001 0.0088 0.0030
aMeasured by LECO interstitial analyzer
Table 3.2 – Concentration of Nitrogen and Strong Nitride Formers, Measured by OES at
U.S. Steel, wt pct
Alloy Nb Al Ti V Nb
LowN-LowAl 0.0029 0.027 0.0008 0.003 0.001
LowN-HighAl 0.0030 0.083 0.0008 0.003 0.001
LowN-HighAl-Ti 0.0030 0.085 0.0192 0.004 0.001
MedN-LowAl 0.0089 0.017 0.0014 0.001 0.002
MedN-HighAl 0.0084 0.076 0.0014 0.002 0.002
HighN-LowAl 0.0159 0.019 0.0010 0.003 0.001
bMeasured by LECO interstitial analyzer
calculated assuming complete precipitation of TiN before AlN precipitation began. Furthermore,
the calculation does not consider co-precipitation or any precipitate reversion mechanisms. The
combination of nitrogen, aluminum, and titanium alloying additions leads to a range of nitrogen
solubilities in the austenite field. Nitrogen solubility in ferrite is low in all of the alloys except the
HighN-LowAl combination containing excess nitrogen, which shows a room temperature solubility
of about 60 ppm. AlN precipitation during commercial production typically occurs during cooling
from hot rolling, and is substantially influenced by the coiling temperature. Two simulated coiling
temperatures were used in the current work to further influence the range of nitrogen contents,
which are referred to as the Low CT (550 ◦C) and High CT (675 ◦C). The details of this coiling
simulation are discussed as part of the hot rolling methods below. The predictions in Figure 3.1 do
not account for any incomplete precipitation of AlN associated with coiling temperature effects.
3.2 Material Preparation
The experimental alloys were cast, hot rolled and surface ground at United States Steel Cor-
poration Research. The experimental details of these operations and further processing performed
at CSM are discussed in the following sections.
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Figure 3.1 The amount of soluble nitrogen as a function of temperature for each of the alloys
in Tables 3.1 and 3.2, calculated from Equation 2.11 (TiN in austenite) and Equa-
tions 2.13 and 2.14 (AlN in austenite and ferrite) [48, 53].
3.2.1 Casting
The six alloys were cast in three heats alloyed with manganese nitride to create the LowN,
MedN, and HighN alloys. The aluminum and titanium alloying was conducted during split casting,
first casting the LowAl addition, followed by the HighAl, and Ti additions. This heat and split
design explains the somewhat unusual presence of 0.08 wt pct Al in an alloy containing Ti, since
the Al addition was made in the second split before adding Ti for the third. Figure 3.1 suggests
that the nitrogen in the HighAl-Ti alloy can be precipitated as TiN before it is thermodynamically
possible to precipitate AlN, and so this additional Al would not affect precipitation. Ingots were
of dimensions 8 × 21 × 36 cm.
3.2.2 Hot Rolling
The cast ingots were rolled to a thickness of 2.54 cm immediately following casting and trimmed
into four sections. A different hot rolling schedule was used for each of these four sections to attain
the combinations of the 550 ◦C and 675 ◦C coiling temperatures, and 6 mm and 3 mm thicknesses.
Two thicknesses were used to allow for 40% and 70% cold reduction to a common final thickness.
The hot rolling procedure was optimized to assure a consistent grain size between the two thicknesses
(details can be found in the author’s M.S. thesis [4]). The 6 mm thickness was rolled using 5 passes
of 25% reduction, and the 3 mm thickness received four passes of 37% reduction and one pass
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of 25%. The finishing temperature for all four hot rolling conditions was 870 ◦C, which was the
maximum temperature attainable for the 3 mm sheet with no interpass time. Cooling from hot
rolling utilized water sprays from one side, except in the 3 mm, 675 ◦C coiling condition, where
water was not necessary. Figure 3.2 shows representative temperature-time data for hot rolling
to 6 mm in the HighN-LowAl alloy. Also shown on the figure are the schematic cooling curves
(inferred from surface temperature data recorded from pyrometers on either side of the cooling
table) for cooling to the 675 ◦C and 550 ◦C coiling temperatures. The finishing temperatures and
temperatures at the end of cooling, along with roll force information, for each alloy and condition
are provided in Appendix A. Immediately upon cooling to the coiling temperature, the hot rolled
steels were placed in an air furnace maintained at the target coiling temperature for one hour,
before furnace cooling to room temperature. Once cooled, the samples were surface ground to
4 mm and 2 mm in order to remove oxide products and any decarburized zone.
3.2.3 Cold Rolling
Hot rolled strips of 72 mm width were cold rolled using the Fenn rolling mill at CSM. Four
passes were used to achieve 40% cold reduction, and 8 passes were used for 70% cold reduction.
Figure 3.2 Representative temperature and time data measured during hot rolling of the HighN-
LowAl alloy to the 6 mm thickness, schematically showing the cooling rates to both
the High CT and Low CT (indicated by dashed lines). After cooling, the samples
were placed in a furnace at the desired coiling temperature, held for one hour, then
furnace cooled.
31
Per pass reductions were selected according to the ability of the mill to feed with a particular gap
setting. The actual reductions for typical 40% and 70% cold reductions are shown in Table 3.3. In
a few instances, a sheet that did not reduce to the expected thickness was fed back into the mill
with the same mill gap for further reduction to assure that the next step did not overload the mill.
Table 3.3 – Example Cold Reductions for Both the 40% and 70% Cold Rolled Conditions
40% Total Cold Reduction
% Reduction % Total
Pass Thickness Per Pass Reduction
- 2.00 - -
1 1.68 15.4 16.2
2 1.52 9.1 23.8
3 1.35 11.7 32.7
4 1.20 9.4 40.0
70% Total Cold Reduction
% Reduction % Total
Pass Thickness Per Pass Reduction
- 4.00 - -
1 3.43 14.3 14.3
2 3.23 5.9 19.4
3 2.87 11.0 28.2
4 2.36 17.7 40.9
5 1.98 16.1 50.5
6 1.65 16.7 58.7
7 1.40 15.4 65.1
8 1.19 14.5 70.2
3.2.4 Intercritical Annealing
Two methods of intercritical annealing were used in the current work: molten salt baths, and
resistive heating in the Gleeble® 3500 thermomechanical simulator. This section will describe the
experimental procedures used to prepare samples for evaluation. The intercritical heat treatments
performed as part of dilatometric experiments are discussed along with the procedures for collecting
dilation data (Section 3.8).
Most samples prepared for other experiments (internal friction testing, metallography, nanoin-
dentation, tensile testing) were annealed using the molten salt baths. Due to the size of the baths,
samples were machined to final geometry prior to heat treatment. (Geometries for these experiments
can be found in the respective sections presented later.) Two time and temperature combinations
were used, 760 ◦C for 45 s and 735 ◦C for 300 s. Figure 3.3 shows a schematic time-temperature
curve for heat treatment in the salt baths. The temperature of the molten salt baths was monitored
using a calibrated type K thermocouple with a Ni alloy sheath, placed adjacent to the sample dur-
ing the test. The bath temperature was maintained to within ±2 ◦C of the target temperature at
the start of the test. The machined samples were suspended from a wire, immersed in the molten
salt, and the cover was returned to the pot during heat treatment to maintain the temperature.
The intercritical anneal timing began 5 s after the sample contacted the salt, to allow time for
the sample to equilibrate at temperature. After the required time at temperature, the sample was
removed from the bath and transferred to a water quench bath.
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(a) (b)
Figure 3.3 A schematic representation of the intercritical annealing performed as part of the (a)
salt pot treatments (rapid heating) and (b) Gleeble® simulation (3.9 ◦C/s heating).
Intercritical heat treatment of the sample used for 3D atom probe tomography (see Section 3.7)
was performed using the Gleeble® 3500 thermomechanical simulator. Both this heat treatment
and the intercritical dilatometric testing used a heating rate similar to industrial processing for a
continuous galvannealing line, 3.9 ◦C/s. Details of the configuration of the Gleeble® 3500 vary
depending on the dilatometer in use, and a complete description can be found in Section 3.8.
Temperature was controlled using a type K thermocouple welded to the center of the sample. Due
to the thermal gradients that result from the resistive heating in the Gleeble® 3500, all sample
analyses from this method of intercritical annealing were done directly beneath the thermocouple
leads. Quenching following intercritical annealing in the Gleeble® 3500 was performed using helium
gas, leading to quench rates of approximately 150 ◦C/s.
3.3 Microstructural Characterization
Metallographic analysis was performed using light optical microscopy (LOM), scanning elec-
tron microscopy (SEM), and electron backscatter diffraction (EBSD). The following sections discuss
the methods used for preparation and analysis of samples by these methods.
3.3.1 Light Optical Microscopy and Scanning Electron Microscopy
Samples for light optical microscopy were sectioned with an abrasive cut-off wheel, ground
with SiC grinding paper, and polished with 6 µm and 1 µm diamond suspension following standard
metallographic procedures. Etching was performed with 2 pct nitric acid in ethanol (nital) for 10-
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15 s, as necessary. The same sample preparation was used for scanning electron microscopy (SEM)
analysis, but etching for SEM was performed with 1% nital. Images were collected using a JEOL-
7000F Field Emission-Scanning Electron Microscope (FESEM) operated at 15 kV accelerating
voltage with a 15 mm working distance.
Phase fraction and grain sizes for both LOM and SEM images were determined using a method
slightly modified presented by Higginson and Sellers [71]. Three concentric circles (instead of the
grid used in the original method) of known length were superimposed on the micrograph. The
constituent or phase was noted at regular arc lengths on each circle, allowing an average phase
fraction for each circle to be counted. Then, the number of intersections of each circle with ferrite-
ferrite grain boundaries (nF−F ) and ferrite-martensite boundaries (nF−M ) were counted. The
average ferrite grain size (d̄F ) and martensite island size (d̄M ) for a given circle is then given by
d̄F =







where fM is the martensite fraction for that circle, and L is the circumference of the circle [71].
3.3.2 Electron Backscatter Diffraction
Samples for Electron Backscatter Diffraction (EBSD) were prepared with the same SiC grind-
ing and diamond polishing steps as the samples for LOM. These samples were then further polished
on a vibratory polishing wheel with a suspension of 0.05 µm colloidal silica for 3-4 hours. The sam-
ples were rinsed with ethanol and a 1% solution of micro-organic soap (designed to remove any
colloidal silica particles) and dried with hot air. Colloidal graphite was painted onto the entire
surface of the mount surrounding the sample to prevent this surface from charging when placed in
the microscope.
The microscope used was a JEOL-7000F FESEM operated at 20 kV. The sample was tilted
at 70◦ to allow collection of backscattered electrons by the detector. The working distance changes
across the image due to this tilt, so dynamic focus control was used to ensure proper focus through-
out the image. The nominal working distance was 15 mm. EDAX-TSL OIM Data Collection 5.31
software was used to collect and index patterns across 100 by 70 µm fields with a step size of
200 nm, collecting points in a hexagonal grid. This software was configured to index patterns in
the ferrite crystal structure only, despite the presence of martensite in the microstructure. This
is a common practice since the resolution of the instrument is not able to reliably distinguish the
small differences between patterns produced by the two phases. Instead, image quality was used
to distinguish the phases, where a low image quality was taken as an indication of martensite. The
images presented in this document were created with TSL OIM Data Analysis 5.31, without the
use of any “clean-up” algorithms.
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3.4 AlN Particle Separation and Dissolution Chemistry
AlN precipitation was quantified using an electrochemical dissolution technique in a methanol-
based solution. Both cold rolled and intercritically annealed samples were tested. Intercritically
annealed samples were taken from the grip sections of tensile samples heat treated in the salt pots
at 760 ◦C for 45 s. The electrochemical dissolution method used in the current thesis was adapted
from the SPEED method [31, 32] (previously discussed in Section 2.3.1) by Rothleutner et al.
[72]. An electrochemical cell was constructed using a Pt cathode, and the sample as the anode.
About 200 mL of an electrolyte composed of methanol with 10 pct acetylacetone (ACAC) and
1 pct tetramethylammonium chloride (TMAC) was used during the electrochemical dissolution.
The electrolyte was agitated using an argon bubbler during testing to mix the electrolyte. The
power source for the cell was operated in current control during dissolution (more information on
the selection of current control can be found in reference [72]). Current was selected to create
a current density of 15 mA/cm2 or less in order to to keep the voltage below the level that will
allow precipitate dissolution (see Figure 2.9). Dissolution times were calculated to dissolve about
0.3 g of the sample, which is just under the solubility limit for Fe in the 200 mL of electrolyte.
Samples were prepared for dissolution by welding a silver coated copper wire to one end, then
masking the weld and stripped portions of the wire with room temperature vulcanizing silicone
to prevent digestion of these areas. Samples were massed with the wire attached both before and
after dissolution to measure the amount of material dissolved. Dissolution times were between 4
and 8 hours, depending on the geometry of the sample.
Once about 0.3 g had been dissolved, precipitates were separated from the solution using
vacuum filtration with a 10 nm pore size filter. The sample was cleaned in a test tube containing
methanol by using ultrasonic vibration to remove any precipitates that had agglomerated on the
surface. The methanol (and removed precipitates) from the test tube were filtered with the elec-
trolyte, and the sample was massed following digestion. The filtrate was diluted with methanol
(and 5 mL of nitric acid to control pH) to 500 mL in a volumetric flask. A final 10:1 dilution with
deionized water was used to prepare the filtrate for analysis by inductively coupled plasma mass
spectroscopy (ICP-MS). The precipitates and filter paper were dissolved using a sequence of strong
acids and hydrogen peroxide. First, the precipitates and filter were (partially) dissolved in 10 mL
of nitric acid held just below the boiling point (about 120 ◦C) under reflex. 20 mL of hydrogen
peroxide was added at temperature to remove the NO+3 ions from solution. Water was allowed to
evaporate from the solution until about 5 mL remained. Once cool, 15 mL of sulfuric acid was
added and the solution was heated to about 280 ◦C to digest the remaining portion of the filter and
any remaining precipitates. As before, 25 mL of hydrogen peroxide was used to remove SO2+4 ions.
This solution was diluted to 100 mL in a volumetric flask using deionized water before analysis by
ICP-MS.
An additional control sample was used to verify the accuracy of ICP-MS analysis for each of
the conditions analyzed. This sample of between 50 and 100 mg was completely digested following
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the procedure for digesting the filter and precipitates described above. An ICP-MS measurement
of the Al content of this sample provides a measurement of the total Al in the alloy, which can
be compared to OES measurements. To account for Al that did not originate from the dissolved
samples, the stock electrolyte, acid, and hydrogen peroxide chemicals used were tested for Al
content. ICP-MS analysis was conducted at the Laboratory for Environmental and Geological
Studies at the University of Colorado. As part of the procedure for ICP-MS testing, a “blank”
sample (0 Al concentration) and a 100 ppb Al sample were used for calibration.
3.5 Internal Friction Measurements
Internal friction measurements were made using instrumentation at the Graduate Institute of
Ferrous Technology (GIFT) at Pohang University of Science and Technology [40, 43, 73]. Unlike
many internal friction apparati, this instrument uses a resonant-frequency, flexural-bending method
of internal friction measurement. The sample geometry is selected to have a resonant frequency of
approximately 1 kHz when supported in the sample holder. The geometry used in the current work
is shown in Figure 3.4. Samples for internal friction measurement were intercritically annealed
in the salt pots at 760 ◦C for 45 s (as described in Section 3.2.4). The samples were shipped
via a commercial carrier to GIFT, and internal friction was measured within two weeks of the
intercritical anneal. Engineering drawings of the internal friction measurement apparatus and the
sample support within the chamber are shown in Figure 3.5. The sample was supported at two
nodes and a rod was used to induce flexural-bending vibration, which was recorded by the laser
vibrometer at the top of the instrument. Sample heating was performed using infrared lamps, and
temperature was monitored by a type K thermocouple attached to the sample. Dampening data
were recorded as a function of temperature.
Figure 3.4 The sample geometry used for internal friction, designed to have a resonant frequency
of 1 kHz as vibrated in the internal friction apparatus.
Since the temperature of the sample was modified during the course of testing, two separate
heating and cooling cycles were used to monitor changes in internal friction with temperature:
a. Heat to 450 ◦C, hold for 5 minutes, cool to room temperature.
b. Heat to 170 ◦C, hold for 20 minutes, cool to room temperature, heat to 450 ◦C, hold for 5
minutes, cool to room temperature.
Profile (a) was selected to record the entire temperature range of expected interstitial and dislo-




Figure 3.5 (a) The apparatus used for internal friction measurements, which uses a constant
frequency (∼1 kHz) vibration, infrared heating for temperature control, and a laser
vibrometer for recording vibration amplitudes. (b) The sample support, temperature
measurement, and laser vibrometer configuration in the testing chamber [42].
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amount of free carbon and thus simplify the measurement of nitrogen behaviors. In both cases,
data were also recorded during the cooling steps to capture changes in internal friction that occur
at the testing temperatures.
3.6 Internal Friction Peak Interpretation
The various peaks measured during internal friction testing were related to an activation
energy by fitting with a Debye peak, which is described by the equation:
Q−1 = ∆ · ωτ
1 + ω2τ2




where Q−1 is the dampening, ∆ is a scaling factor (equal to half of the maximum observed damp-
ening for a given phenomenon, 12 · Q
−1
max), ω is the angular frequency (related to the vibration
frequency, f , by ω = 2πf), α is a factor used for peak broadening, and τ is the time per anelastic
phenomenon occurrence at a given temperature. As discussed in the previous chapter, the time for





where τ0 is the time constant for the phenomenon, Qact is the activation energy, R is the universal
gas constant, and T is temperature in Kelvin [42]. Equation 3.3 predicts maximum dampening
when the vibrational frequency and the frequency of the dampening phenomenon (e.g. interstitial
repositioning) are equal: ωτ = 1. An accurate determination of the factor ∆ in Equation 3.3
requires that the background signal be removed. Equation 3.5 was used to describe the background
dampening:
Q−1 = A+B · T + C · eD(T−E) (3.5)
Q−1 again represents the dampening, T is temperature in Kelvin, and A, B, C, D, and E are fit
parameters [74]. The background curve parameters for each condition were fit to data collected on
cooling from 450 ◦C to avoid convolution with other peaks. The time constant for the occurrence
of a dampening phenomenon (τ) at a given temperature is given by an Arrhenius relationship, as
described in Equation 2.8. Therefore, the necessary parameters to fully describe the peak associated
with a given phenomenon are the time constant (τ0), the activation energy (Qact), the maximum
dampening (Q−1max), and the width scaling factor (α).
Literature that identifies internal friction peaks by activation energy (throughout a large range
of temperature or frequency) is not widely available for multiphase microstructures. (Lanzillotto
and Pickering [24] reported internal friction peaks from carbon and carbon-dislocation interactions
in dual-phase steel, and attributed them similarly to what is described below, but did not quantify
the peaks in terms of activation energy.) The activation energies used for peak fitting in the
current study were therefore selected following an analysis of literature that identifies internal
friction mechanisms in fully ferritic or fully martensitic steels. Figure 3.6 shows the internal friction
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spectrum of a 0.2 wt pct C martensite specimen reported by De Cooman [42] using an impulse
excitation, flexural-bending internal friction apparatus operating at approximately 1 kHz (the same
conditions as the current work). Four peaks were identified in the martensite spectrum, which were
labeled P2–P5, as shown [75–77]. In a constant frequency test with a vibrational frequency of 1 kHz,
the peaks P3, P4, and P5 are measurable at room temperature or above. Mechanisms have been
assigned to two of these peaks through calculations of their activation energies [42, 75–77]. The
anelastic motion of interstitial atoms has been related to P3 (Snoek peak), and P5 was related to
the motion of dislocations that interact with interstitial atoms. The P4 peak has not been identified
with a single mechanism, but is related to dislocation density, and is reduced in magnitude during
tempering of the martensite [76]. Internal friction spectra of ferritic steels display peaks related to
interstitial contents (Snoek peaks) and dislocations (Bordoni peaks). These peaks will be discussed
in the following sections.
3.6.1 Motion of Interstitial Atoms
The motion of interstitial atoms (mostly carbon and nitrogen in steels) between sites that
become more favorable under reversed elastic loading creates the most widely known internal friction
dampening phenomenon, the Snoek peak. The activation energy calculated from the P3 peak in
martensite (Figure 3.6) suggests that this peak results from the motion of interstitial carbon in
martensite [75, 76], and thus can be considered synonymous with a carbon Snoek peak. The amount
of free carbon (C) in parts per million (ppm) was calculated from the maximum dampening in the
Figure 3.6 The internal friction spectra of a 0.2 wt pct C martensitic steel, replotted from De
Cooman [42].
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carbon Snoek peak (Q−1C ) using the equation determined by De Cooman [42]:
C = 6120 ·Q−1C (3.6)
The activation energy and time constants used to fit carbon Snoek peaks were Qact = 0.82 eV and
τ = 1.89 × 10−15 [42]. An α value of 1 was used for all of the Snoek peaks examined in this work.
Literature concerning the measurement of nitrogen through Snoek peak analysis was discussed
in Section 2.3.2. A summary of the key points used for the interpretation of nitrogen-related internal
friction is repeated here for completeness. The amount of interstitial nitrogen (N) can be calculated
from the magnitude of Snoek peaks from nitrogen in simple interstitial sites (h0 peaks), with one
adjacent manganese atom (h1 peaks), and with two adjacent Mn atoms (h2 peaks) by the empirical
relationship reported by Stephenson [44]:
N = 23300 ·Q−1h2 + 8300 ·Q
−1
h0 + 7500 ·Q
−1
h1 (3.7)
where Q−1i represents the magnitude of dampening peaks from h0, h1, and h2 peaks. It is expected
that a 2 pct Mn steel will have a h2:h1:h0 ratio of 5:1:1 [43]. Activation energies used in the
current work were Qh2act = 0.759 eV, Q
h0
act = 0.807 eV, Q
h1
act = 0.834 eV. The time constant used was
τ = 2.38 × 10−15. As with carbon, an α value of 1 was used.
3.6.2 Motion of Free Dislocations
The dampening from dislocations (commonly called a cold-work peak) was reported by Bordoni
in several metals [78, 79]. These peaks are widely reported in cold-worked interstitial free ferrite,
and are due to the anelastic migration of dislocation kink pairs during vibration [42]. These peaks
are often labeled the α-Bordoni (edge dislocation segments) and γ-Bordoni peaks (screw dislocation
segments). The magnitude of vibrational dampening from the migration of kink pairs has been
modeled by De Cooman [42], and can be calculated by:





where ∆ and Q−1max have the same meaning as in Equation 3.3, ρ⊥ is the dislocation density, b is the
Burger’s vector, L is the length of the dislocation segment between kinks, E is the elastic modulus,
and T is the line tension of the dislocation.
Given the dependence on the active dislocation segment length, L, and the likelihood that its
value is not the same for every dislocation within a sample, the γ-Bordoni peak is often broader, and
the temperature of maximum dampening can vary. Counter-intuitively, an increase in dislocation
density can actually lead to a decrease in the γ-Bordoni peak magnitude if the active dislocation
segment length is also shortened. Due to these factors, literature values for apparent activation
energy and time constants (Qact and τ0) are not necessarily applicable to the steel currently under
40
investigation. The peak broadening due to the distribution in active dislocation segment lengths is
captured by using an α value less than one.
As for the applicability to the current work, the ferrite in a dual-phase steel should not be
considered analogous to the interstitial free or ultra-low carbon steels examined in most studies,
since rapid cooling may preserve the higher levels of solute carbon stable at the intercritical tem-
perature. Studies of cold worked ferrite with even small levels of interstitials indicate that the
γ-Bordoni peak is replaced by a peak representing interstitial-dislocation interactions [74]. It is
therefore expected that the γ-Bordoni peak from ferrite will not be present in large enough mag-
nitude to be distinguished from the background or be deconvoluted from other phenomenon at
similar temperatures.
It is possible that the P4 peak in martensite is related to the motion of free dislocations, con-
sidering the similarities in peak position and the broad nature of the P4 peak. This interpretation
would indicate that as-quenched martensite has a small population of dislocations without carbon
atmospheres, which may result from transformation strains at low temperatures during the final
stages of the quench when carbon has limited mobility. A free dislocation peak may also be con-
sistent with the observation that the P4 peak diminishes with tempering [76], since carbon would
fairly readily diffuse to these fresh dislocations. An experimental determination of the amount free
dislocations in as-quenched martensite would be necessary to accept this interpretation, however,
and so the terminology “P4 peak” will be used in the remainder of this work.
3.6.3 Motion of Interstitial-Pinned Dislocations
When dislocations are decorated with interstitial atoms (typically C or N Cottrell atmo-
spheres), a peak occurs at temperatures (or frequencies) corresponding to higher activation ener-
gies than the γ-Bordoni peak, but with a similar dependence on cold work. Kê [80] described the
mechanism of double kink migration on a screw dislocation decorated with carbon or nitrogen that
corresponds to the activation energy of this higher temperature peak, now called the Snoek-Kê-
Köster (SKK) peak. The P5 peak identified in martensite (Figure 3.6) has been attributed to this
mechanism by several researchers [42, 75–77, 81, 82]. The SKK peak characteristics likely depend
on dislocation density (ρ⊥) and the active dislocation segment length (L) in the same way as de-
scribed in Equation 3.8 for the γ-Bordoni peak, though there is likely an additional dependence on
the concentration of interstitials on the active dislocations that this equation does not capture.
Though both the Snoek peak and the SKK peak require interstitial atoms to create dampening,
experiments show that the presence of a SKK peak does not always mean that a Snoek peak is also
present [43]. Low temperature aging typically leads to a reduction or elimination of a Snoek peak,
but typically increases the magnitude of the SKK peak as more Cottrell atmosphere formation
takes place. This observation indicates that the interstitials which contribute to the formation of
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the SKK peak do not create Snoek peak dampening, probably because the binding energy of the
interstitial to the dislocation prevents interstitial motion independent of the dislocation.
3.7 3-D Atom Probe Tomography
The 3-D atom probe tomography (3DAPT) technique was used to determine the amount
of nitrogen segregation to the various crystallographic interfaces in dual-phase steel (Figure 1.1),
as well as the amount of partitioning of nitrogen across a ferrite/martensite interface. This was
achieved by isolating a ferrite/martensite interface in the atom probe needle using focused ion beam
(FIB) milling. Figure 3.7 presents a sequence of electron and ion images showing the procedure used
for isolating a grain boundary and creating atom probe tips. First, a polished sample was imaged
with the Ga ion beam source. At sufficiently high currents, this imaging has the effect of slightly
etching the sample surface, allowing for the identification of features of interest in subsequent
electron images (Figure 3.7a). Once a grain boundary was selected, a region of 20×1.5 microns was
masked off using platinum deposition from the ion column (Figure 3.7b). This Pt cap protects the
phase boundary of interest during the trenching operation (Figure 3.7c), where a trench was milled
at 30◦ from one side of the Pt. A corresponding trench was then milled from the opposite side, such
that the region of interest (ROI) was freed from the bottom of the trench (milling artifacts from
the first trench can be seen below the ROI in Figure 3.7d). Ion milling was used to free one side of
the ROI (Figure 3.7e), before a manipulator was attached to the sample using platinum deposition
(Figure 3.7f). Milling the right side of the sample allows the ROI to be released and lifted out of
the trench. A copper transmission electron microscopy grid was cut in half, and the section grid
segments were used as support structures for the atom probe tips, as seen in Figure 3.7g. Bonding
the ROI to one of these posts was accomplished with Pt deposition on one face (Figure 3.7h), before
that section of the lift-out was cut away (Figure 3.7i), allowing multiple posts to be manufactured
from each lift-out. Once the lift-out was cut away, the posts were reinforced by an additional Pt
deposit on the opposite face.
Once the samples had been transferred to the posts of the copper grid, an annular milling
procedure was used in the FIB to sharpen the tips to the required diameter. Table 3.4 shows the
sequence of annular milling steps used to sharpen the tips in the current work. As sharpening
progressed, the accelerating voltage and current of the ion beam were gradually decreased for
additional control, but also to reduce the amount of Ga implantation (beam damage) to the surface
of the tip. Figure 3.8 shows the progression of the tip through the sequence of sharpening. Following
the initial sharpening procedure, samples were analyzed using transmission electron microscopy
(TEM) to identify features of interest. The depth of the feature of interest and any platinum
remaining on the tip of the sample was measured in the TEM, and then sharpening step 7 was
repeated in the FIB while monitoring the amount of material removed. TEM analysis and further
tip sharpening was repeated until the tip was free of platinum and contained a feature of interest





Figure 3.7 A sequence of secondary electron (a-f) and ion images (g-i) showing the process of
manufacturing atom probe tips using the FIB. (a) Surface ion milling was used to re-
veal the microstructure, and a region containing a ferrite-martensite phase boundary
was selected (see arrows). (b) Platinum was deposited over the grain boundary. (c)
An angled trench was cut at 30◦ on one side of the platinum. (d) A second trench
was cut at 30◦, intersecting the first to free the lower edge of the sample. (e) One
side of the sample was cut from the left, and (f) welded to the manipulator using
platinum deposition. (g) Half of a copper grid was used for posts on which to mount
the sample. (h) the sample was welded to one post using platinum deposition before
(i) one section was cut away using the ion mill.
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Table 3.4 – Sequence of Annular Milling Steps Used to Sharpen Atom Probe Tips
Outer Inner Accelerating
Step Diameter Diameter Voltage (kV) Current (nA)
1) 10 µm 2.5 µm 30 2.5
2) 8 µm 2 µm 30 2.5
3) 5 µm 1 µm 30 2.5
4) 3 µm 0.6 µm 30 0.43
5) 3 µm 0.5 µm 30 0.43
6) 3 µm 0.5 µm 5 0.015
7) 4 µm N/A 2 As Needed
(a) (b) (c)
Figure 3.8 The geometry of the atom probe tips (a) as mounted, (b) after annular milling step
3, and (b) after annular milling step 6, showing the progression of tip diameter with
annular milling operations.
The atom probe tips were analyzed with a commercially available Cameca local electrode atom
probe (LEAP) 4000XSi operated in a pulsed-laser mode at 55 K, with a 10−10 Torr vacuum. In
this mode, a pulse of laser light is used to provide the ionization energy, while a baseline voltage
is applied to control the rate of ion evaporation. Analysis runs were conducted with a starting
electrode voltage of 500 V, and this voltage was varied to maintain a 0.5% detection rate during
the test (one ion detection per 200 laser pulses). Initial alignment of the laser was conducted on a
Si sample, set to create a flight path of 90 mm. The laser was operated at a wavelength of 355 nm,
with a 500 kHz pulse rate and (initially) a 20 pJ pulse energy. The pulse energy was increased
during testing to 30 pJ and then 40 pJ as required to reduce the voltage necessary to maintain
the 0.5% detection rate as the sample was evaporated. Testing was stopped when the test voltage
reached 8.5 kV to prevent the possibility of electron emission from the electrode. Ions were detected
using a position-sensitive time-of-flight mass spectrometer. A software correction routine was used
to adjust time-of-flight measurements for the changing geometry of the tip by optimizing hydrogen
and carbon peak detections.
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3.8 Dilatometry
The progress of phase transformations related to the intercritical annealing treatment was
monitored through the use of dilatometry. The contraction inherent to the transformation of ferrite
to austenite (and inversely, the expansion from ferrite transforming from austenite) can be used to
monitor phase transformations in situ during various thermal cycles. In the current application,
dilatometry was used to investigate the effects of nitrogen on intercritical phase transformations.
Dilatometric data in the current work were recorded using the Gleeble® 3500 thermomechanical
simulator, using two separate apparati: a scanning laser dilatometer and a contact dilatometer.
Samples for dilatometry using either instrument were machined according to the dimensions in
Figure 3.9 by first shearing rough blanks, then end milling the long edges to create samples that
were parallel to within 0.1 mm across the 75 mm dimension. Temperature was controlled by a type
K thermocouple welded to the center of the sample. A small section of alumina tubing was used to
prevent shorting of the thermocouple near the sample, and the remainder of the leads were insulated
by a polymer. Samples were heated at 3.9 ◦C/s to 760 ◦C, as described in Section 3.2.4. Once at
the intercritical temperature, samples were either held for 10 minutes before heating to 950 ◦C, or
held for 45 s, quenched to 625 ◦C, held for 10 minutes, then reheated to 950 ◦C. These temperature
profiles are plotted in Figure 3.10. The first thermal profile was used to explore the kinetics of
austenite formation at 760 ◦C by monitoring phase changes for 10 minutes before heating to 950 ◦C.
This additional heating step was necessary to quantify the coefficient of thermal expansion (CTE)
of austenite for each sample for later interpretation (discussed in Section 3.9). The second thermal
profile was designed to create an intercritical austenite fraction at 760 ◦C for 45 s, then monitor the
decomposition of that austenite at 625 ◦C for 10 minutes. This cycle also concludes with heating
to 950 ◦C before cooling to capture the CTE of austenite. Since the decomposition products revert
to austenite during this final heat treatment, one sample per condition was quenched without the
950 ◦C heating step to allow for the metallographic identification of the austenite decomposition
products at 625 ◦C. The Gleeble® 3500 was programmed to record data at a frequency of 10 Hz
on heating and cooling and 2 Hz during holding. The programs used to control the three different
cycles described here are included in Appendix B.
The Gleeble® 3500 was configured with the “low-force” jaw set, so that thermal expansion was
not constrained along the specimen length. The cables of this jaw set were adjusted to remove any
tension or compression along the length of the sample. Stainless steel grips with flat mating faces
Figure 3.9 A (a) front view and (b) side view drawing of the sample used for both laser and
contact dilatometry testing in the Gleeble® 3500.
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Figure 3.10 The two thermal cycles used during dilatometric experiments, one for the formation
kinetics of austenite, and one for the decomposition kinetics of austenite formed at
760 ◦C for 45 s.
and a pin through the center were used to grip the sample. These grips were selected to minimize
the thermal gradient across the working distance between the grips, and also because the pin can
be used to align the sample perpendicular to the laser. This alignment was performed by pressing
the sample adjacent to the side of the pin in each grip. Pressure within the sample chamber was
maintained at less than 10−4 Torr, until quenching was performed by flooding the chamber with
helium. Of the two dilatometer devices, the scanning laser dilatometer is the preferred method for
measuring dilation since it does not have to contact the sample, and the data do not reflect the
small expansion that is inherent to heating the quartz rods of the contact dilatometer [83]. When
the laser dilatometer was not available due to a long-term maintenance issue, data was instead
collected with the contact dilatometer.
3.8.1 Laser Dilatometry
The scanning laser dilatometer was aligned perpendicular to the broad face of the sample
(the 75 × 6 mm face), and rastered along the 6 mm dimension. In this configuration, dilation was
measured transverse to the rolling direction. The width of the sample was detected by measuring
the width of the shadow on the detector below the sample. It is important that the thermocouple
pair was located in the plane of the laser (so that the measured temperature corresponds directly
to the measured change in width), and that the thermocouple wires did not create shadows on
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the detector. Figure 3.11 shows the configuration of the thermocouple leads with respect to the
grips and laser. Note that the thermocouple leads were angled to one side, such that the welds
were in the plane of the laser, but the leads did not cast a shadow on the detector. Electrical
tape was used to loosely attach the thermocouple leads to the side of the jaw during the test. A
15 mm working distance was used during all laser dilatometric experiments. The scanning laser was
rastered at 3200 Hz such that a complete scan (forward and return pass) is completed at 1600 Hz.
A centered moving average of 32 scans was used to reduce electronic noise, leading to a maximum
20 Hz “measurement” frequency with the laser.
3.8.2 Contact Dilatometery
The contact dilatometer in the Gleeble® 3500 uses two quartz rods to contact the sides of
the sample across the 6 mm dimension. The dilatometer unit was suspended from fixturing on the
low-force jaw, such that the rods were orthogonal to the sample, and minimal force was put on the
sample from the weight of the dilatometer unit. One rod is “L”-shaped, and was not free to move
relative to the body of the dilatometer. Movement of the straight rod was measured using a linear
variable differential transformer (LVDT). The straight rod was held in contact with the sample by
a small spring force, and the length of each rod was adjusted so that spring force was minimal.
Figure 3.12 shows the configuration of the “L”-shaped and straight quartz rods relative the sample
and thermocouple. As with the laser dilatometer, the change in dimension was measured transverse
to the rolling direction. Note that both rods had a line contact (approximately) in the plane of the
thermocouple, which was done to minimize the effect of thermal gradients along the length of the
sample. Because the contact dilatometer is somewhat more sensitive to thermal gradients than the
laser (the contact area of the straight quartz rod is somewhat wider than the laser), the working
distance was increased to 20 mm when the contact dilatometer was used. The longer working
distance reduced the severity of the lengthwise thermal gradient.
3.9 Dilation Conversional Model
A method for converting strain measured through dilatometry to phase fractions (particularly
with respect to intercritical austenite fraction) presented in literature was modified for the dual
phase steels used in this work. The basic method involves calculating the volume per lattice site in
ferrite, cementite, and austenite at an initial phase fraction and temperature, and then representing
the volume of the composite by a rule of mixtures averaging by phase fraction. Various applications
of this method have been presented previously [84–89]. The rule of mixtures average of the volume
per lattice site (V ) is represented by
V = fαVα + fθVθ + fγVγ (3.9)
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Figure 3.11 A schematic of the laser dilatometry setup, showing the arrangement of the sample
in the plane the laser rasters across the width of the sample.
Figure 3.12 A (a) front view and (b) side view schematic of the arrangement of the contact
dilatometer, indicating the alignment of the quartz contacts with the thermocouple
across the width of the sample. The 20 mm dimension indicates the location of the
grips, which are not shown.
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where fi is the fraction of phase i, Vi is the volume per lattice site in phase i, and α, θ, and γ rep-
resent ferrite, cementite, and austenite, respectively. The volume per lattice site can be calculated











where a, b, and c represent lattice parameters, and other notation is similar to above. The change in
volume of each phase as a function of temperature can be captured by changes in lattice parameter.
Initial modeling with a linear CTE for ferrite was not sufficiently accurate across the temperature
range investigated, and so a non-linear coefficient of thermal expansion was used. Figure 3.13 shows
the calculated and experimental CTE measured by Nix and McNair [90]. The measured values for
CTE in this case capture the effect of the paramagnetic transformation. The lattice parameter of
ferrite as a function of temperature can then be represented as








where βα(T ) is a function representing the true CTE of ferrite represented by the data points in
Figure 3.13. Similarly, the lattice parameters of the other phases can be calculated using linear
average CTE (β) values:
ai(T ) = ai0 [1 + βi∆T ] (3.14)
Figure 3.13 The true coefficient of thermal expansion for ferrite as calculated (solid line) and
experimentally measured using an optical interference grid. The difference between
the theory and calculation was attributed to the paramagnetic transformation [90].
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where phase i can be cementite (equations for lattice parameters b and c are similar) or austenite.
The values (or expressions, as applicable) for lattice parameters, linear CTE, and the publications
that they are selected from are summarized in Table 3.5. Equations 3.9–3.14 can be combined to
represent the dependence of atomic volume on phase fractions and temperature, as in
V (T, fα, fθ, fγ) =
1
2
fα · [aα(T )]3 +
1
12
fθ · aθ(T ) · bθ(T ) · cθ(T ) +
1
4
· fγ [aγ(T )]3 (3.15)
where all notation is as above. The change in the sample dimension measured in dilatometry can












where ∆L is the change in length (measured by dilatometry), L0 is the initial length, and V0 is the
solution of Equation 3.15 for the initial values of T , fα, fθ, and fγ .
It is possible to use this model to solve for the strain relative to the starting phase condition
for all combinations of phase fractions that satisfy
fα + fθ + fγ = 1 (3.17)
with the additional condition that phase fractions may not be less than zero. To correctly model
the formation of austenite from a mixture of cementite and ferrite however, there are additional
relationships between the three phases to consider. Namely, that the initial austenite formation may
consume both ferrite and cementite. To simplify the various mechanisms for austenite formation,
it is assumed that the strain model can consider the first austenite to form (an amount equal to
the fraction of pearlite) to be a result of equilibrium ferrite and cementite dissolution. Therefore,
Table 3.5 – Values for Lattice Parameters and Thermal Expansion Coefficients Used in
Equations 3.9–3.16
Quantity Value Expression Source
aα,0 2.8660 Å - [84]
aθ,0 4.5246 Å - [91]
bθ,0 5.0085 Å - [91]
cθ,0 6.7423 Å - [91]
aγ,0 3.5790 Å
3.573 + 0.033wC + 0.00095wMn − 0.0002wNi+ [92, 93]
0.0006wCr + 0.0031wMo + 0.0018wV
βα varies Data Plotted in Figure 3.13 [90]
βθ varies
6.0 × 10−6 + 3.0 × 10−9(T − 273.15)+
[90]
1.0 × 10−11(T − 273.15)2
βγ 2.36 × 10−5 K−1 - Measured
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at austenite fractions less than the starting pearlite fraction, mixtures of ferrite, cementite, and
austenite must also satisfy the conditions
fα = fα0 − 0.78fγ (3.18)
fθ = fθ0 − 0.22fγ (3.19)
where fα0 and fθ0 are the initial fractions of ferrite and cementite, and the coefficients 0.78 and 0.22
indicate the amount of ferrite and cementite in equilibrium pearlite. Following this assumption,
after the pearlite has been completely dissolved (fθ = 0), austenite fractions and ferrite fractions
are only constrained by Equation 3.17.
Equation 3.16 can be used to create a map of the strain as a function of temperature for dif-
ferent combinations of phases. Figure 3.14 shows an example of this use of the model for schematic
heating of a 12 pct pearlite starting microstructure. The dilatometric data are expected to follow
the strain curve of the initial microstructure on heating until the Ac1 temperature, where the disso-
lution of pearlite begins. The model can be used to graphically interpret the intercritical austenite
fraction at temperatures up to the Ac3, where the data are expected to follow the 100 pct austenite
curve.
Figure 3.14 A map of strain as a function of temperature using the composition of the base alloy
for several combinations of ferrite, cementite, and austenite, along with schematic
example data (red line) for heating to fully transform to austenite. The region of
pearlite transformation to austenite is shaded.
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3.10 Nanoindentation Hardness
The hardness properties of ferrite and martensite can be determined using nanoindentation.
The hardness of each constituent was determined across a range of free nitrogen contents to de-
termine the amount of solid-solution strengthening in each phase, and thus the amount of nitro-
gen partitioning between ferrite and martensite. Nanoindentation hardness was measured using a
Hysitron Ti-950 Nanoindenter, with a 1-D transducer unit operated in a closed-loop control mode,
and a Berkovich geometry (triangular pyramid) diamond indenter tip. Samples were prepared for
nanoindentation in the same manner as EBSD discussed in Section 3.3.2. Polishing was performed
on the same day as nanoindentation testing to minimize the effects of oxide formation on hardness
data. Microindents were placed as fiducial marks before nanoindentation to allow the indent field
to be located for subsequent imaging. The indentation depth was selected with respect to the grain
size of the material, so that the plastic zone size was somewhat smaller than the grain or constituent
size. Since the Berkovich geometry tip has an aspect ratio of approximately 8:1, the 80 nm indent
depth selected will lead to about a 640 nm diameter indent, and a plastic zone diameter of about
2 µm. Rectangular grids of 225 indents (15 × 15 grid of indents) were placed with 3 µm spacing
between indents to prevent any overlap of the plastic zones. An automated piezo-control routine
was used for more accurate placement of the indents in the grid. Each indent was performed start-
ing with a 2 µN preload, and then indenting in displacement control to a depth of 80 nm, with a
2 s loading segment, 2 s dwell time, and 2 s unloading segment. Load and displacement data were
recorded at 200 Hz. Example data from this indent cycle are shown in Figure 3.15, also showing
graphically how maximum load (Pmax) and stiffness (S) are determined. Calculating stiffness by
fitting the recorded data immediately upon unloading does not provide reliable data [94]. Rather,
stiffness was determined from the load displacement data by fitting the unloading curve (using the
region between 20% and 95% of the maximum load) to a power law function. The derivative of
this function was evaluated at the maximum indent depth to determine S.
Hardness was calculated using the the method of Oliver and Pharr [94], in which the area of
the hardness indent can be calculated using the geometry of the tip. The calculation of indent area
must compensate for the elastic deformation of the surface of the material. Figure 3.16 shows a
schematic of unloaded and loaded surfaces, illustrating the reduction in actual indent area due to
the elastic deformation of the surface. The parameter hc is used to describe the indent depth that
corresponds to the area of the indent accounting for surface elastic deformation. The value of hc is
then calculated by




where hmax is the maximum indent depth. The calculation of indent area from indent depth also
requires an accurate analysis of geometry of the indenter tip. The area as a function of indent depth
for the Berkovich tip used in the current work was determined from a sequence of indents of varying
depth on a standardized fused silica sample. The hardness of this material is well known, and so
variations in hardness with contact depth can be attributed to variations in the tip geometry. The
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Figure 3.15 Example data from an 80 nm displacement controlled indent in dual-phase steel,
showing the measurement locations for the maximum load (Pmax) and stiffness (S)
of the material, as demonstrated in [94].
Figure 3.16 A schematic representation of the effects of elastic surface deformation on the area
of an indent and the determination of hc, reproduced from [94].
tip area as a function of indent depth (A(hc)) was fit to the function
A(hc) = 24.5h
2









where C1–C5 are fit constants [94]. Table 3.6 shows the values for these coefficients determined for
the Berkovich tip used in all of the experiments in this thesis for indent depths between 25 and
180 nm.
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Table 3.6 – Experimentally Determined Fit Constants for Equation 3.21
C1 C2 C3 C4 C5
−3.78 × 104 4.34 × 106 −5.49 × 107 1.55 × 108 −1.06 × 108





Once the indents were placed, the grid was imaged using the procedures discussed in Sec-
tion 3.3.1. A high magnification scan in the SEM of three corners of the grid was used to deposit
carbon as a mask for subsequent etching to allow the grid to be located after etching. Etching was
performed with 1% nital solution applied with a cotton ball for about 10 seconds. An additional
SEM image was collected of the indented region following etching. The masked corners allowed
for the two SEM images to be aligned using computer imaging software. An overlay of the indent
and an approximate plastic zone size (three indent diameters) was scaled to the indent size on the
unetched image, and then transferred to the same location on the etched image. The location of
the indents were then referenced to the etched image so that the indented phase could be identi-
fied. Figure 3.17 gives examples of the four categories used to distinguish indents, also showing the
overlay used to estimate plastic zone size.
(a) (b) (c) (d)
Figure 3.17 Examples of the four categories of indents as determined by the graphical overlay
representing indent and plastic zone size: (a) ferrite, (b) ferrite near a martensite
interface, (c) martensite near a ferrite interface, and (d) martensite.
3.11 Tensile Testing
The effects of free nitrogen on the tensile properties of dual-phase steels containing between
45 and 55% martensite were measured in the author’s M.S. thesis [4]. Since these martensite
fractions were somewhat higher than is typical for this type of alloy [9], one objective of the
current work is to verify the effects of nitrogen on tensile properties for martensite fractions of
around 30%. Furthermore, the strain aging behavior following low temperature aging treatments
was of interest due to the possibility of free nitrogen creating yield point elongation. The quasi-
static tensile testing (including data available from the recent M.S. thesis [4]), and strain aging
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experiments were conducted using the same experimental method. The specimen geometry used
was the ASTM E-8 tensile sample geometry depicted in Figure 3.18 [95]. Both types of tensile
testing were performed on a computer-controlled, electro-mechanical MTS Alliance testing frame
with an 89 kN capacity load cell. Samples were preloaded with between 100 and 200 N of preload
to remove system slack and residual bending in the samples. Strain was monitored via a 50.8 mm
Shepic brand extensometer. The crosshead displacement rate was maintained at 2.54 mm/min,
which represents a nominal strain rate of 7.2 × 10−4 s −1, not considering machine stiffness.
Figure 3.18 The geometry of the tensile samples used in both the quasi-static and strain aging
experiments discussed in this thesis, which is a standard ASTM E-8 geometry with
slightly shortened grip sections [95].
The aging treatment for the strain aging experiments was conducted immediately following the
quench from intercritical annealing in the salt pots (see Section 3.2.4). No prestrain was performed,
the dislocation population for Cottrell atmosphere formation was therefore the dislocations created
during the martensite transformation. Samples were aged at 80 ◦C for 4 hours in a heated oil bath.
This time and temperature combination was selected to maximize the amount of nitrogen diffusion
relative to carbon, according to the results summarized by Baird [60]. The bath temperature
was maintained at 80 ± 1 ◦C using a calibrated thermocouple in the bath at the same location
as the tensile samples. Tensile testing was performed (as described above) immediately following
the quench from the oil bath, with only enough time to measure the necessary sample geometries




This chapter begins by discussing the changes in microstructure seen as a function of coiling
temperature and cold reduction during the processing stages from hot rolling to the intercritically
annealed and quenched microstructures. While the initial results rely heavily on the work done
in the author’s M.S. thesis, it is necessary to understand the effects of processing variables on
microstructure (and therefore mechanical properties) that are not directly related to free nitrogen
behaviors in further results. The initial section of this chapter also presents EBSD work relating
to ferrite recrystallization during intercritical annealing. Following the results and discussion of
the microstructure, three sections discuss the measurement of nitrogen: first as a precipitate, then
interstitial nitrogen measured by internal friction, and finally measurements of nitrogen on grain
boundaries using 3DAPT. These sections allow for the determination of free nitrogen values that
can be used to interpret the effects of free nitrogen on intercritical phase stability (Section 4.3),
tensile and strain aging properties (Section 4.4.1), and the hardness of the ferrite and martensite
in dual-phase microstructures (Section 4.4.2).
4.1 Microstructural Characterization
The effects of the two coiling temperatures (550 ◦C and 675 ◦C, referred to as Low CT and
High CT) and the 40% and 70% cold reduction levels (or 2 mm and 4 mm thicknesses of hot band,
respectively) are presented in this section using the MedN-LowAl alloy as an example, showing the
hot band microstructure and LOM and EBSD analysis of the intercritically annealed and quenched
microstructure for each combination of coiling temperature and cold reduction (hot band thickness).
A single alloy is used in this section, since systematic differences in microstructure as a function of
alloy are not obvious from visual inspection of representative micrographs [4]. Each of the 24 alloy
and processing conditions in both the hot rolled and intercritically annealed and quenched (760 ◦C
for 45 s) conditions are included in Appendix C for reference.
Figure 4.1 shows hot band microstructures from the MedN-LowAl alloy in each of the four
processing conditions. One of the most profound effects of the four processing conditions is a
difference in banding between the 550 ◦C and 675 ◦C coiling temperature conditions. This difference
can be attributed to changes in ferrite nucleation behavior at different amounts of undercooling
(often controlled by cooling rate) [11, 96, 97]. At the relatively slow cooling rate in the High CT
conditions, ferrite nucleates with a small amount of undercooling. Thus, the stabilizing effect of
Mn on the austenite (present from casting segregation) prevents ferrite nucleation in the Mn-rich
bands. When the driving force in the Mn-lean bands is sufficient to allow nucleation, ferrite forms in
large “sheets” in the Mn-lean bands. These polycrystalline sheets of ferrite reject carbon in to the
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Figure 4.1 LOM micrographs of the MedN-LowAl alloy for each of the combinations of the
550 ◦C or 675 ◦C coiling temperature (as indicated by the column labels) and 2 mm
or 4 mm thickness (row labels) in the hot rolled condition, etched with nital.
Mn-rich bands, thus leading to the noticeable banding in the High CT conditions. At lower coiling
temperatures, the undercooling is sufficient for ferrite to nucleate in the Mn-rich bands despite the
difference in composition. Carbon in the Low CT condition is therefore rejected more uniformly,
initially collecting in pools of austenite retained between the acicular ferrite that forms at the low
coiling temperature, and then transforming to pearlite or bainite with further cooling [11, 96, 97].
Grain sizes and phase fractions are similar for a given coiling temperature between the two hot
band thicknesses. This similarity between thicknesses was a designed result of the interpass times
selected during hot-rolling [4].
Several of the characteristics of the hot band survive in the dual-phase microstructures created
during intercritical annealing. Figure 4.2 shows the four hot rolling processing conditions for the
MedN-LowAl alloy following cold rolling, intercritically annealing at 760 ◦C for 45 s in molten
salt baths, and a water quench. The degree of banding from hot rolling survives, though the band
thicknesses have been reduced in accordance with the two different levels of cold reduction. Average
martensite fractions for all alloys and conditions were between 0.45–0.56. These martensite fractions
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Figure 4.2 LOM micrographs of the MedN-LowAl alloy for each of the combinations of the
550 ◦C or 675 ◦C coiling temperature (as indicated by the column labels) and 40%
or 70% cold reduction (row labels) following intercritical annealing at 760 ◦C for 45 s
and a water quench, etched with nital.
are somewhat higher than is typical of martensite fractions obtained in commercial production of
dual-phase steel [15, 66]. The high martensite fractions were probably due to the water quench
from the intercritical temperature, which would suppress the formation of epitaxial ferrite before
transformation to martensite that would occur during commercial production using this alloy.
Martensite distributions in these microstructures relate to the distribution of carbon-containing
phases in the hot rolled conditions, as previously observed [12]. In addition, it was observed that
the refinement of the microstructure from cold rolling to 70% reduction led to an increase in the
martensite fraction and decrease in ferrite grain and martensite island sizes relative to the 40%
CR conditions [4]. These changes likely relate to the increased surface area for nucleation that
occurs from ferrite grain elongation and pearlite fracture that occurs with increased cold reduction
[4]. The effects of coiling temperature on martensite fractions and constituent sizes were more
subtle, but some cases showed a decrease in martensite fraction and an increase in ferrite grain
and martensite island sizes with increased coiling temperature. These effects were probably due
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to the more random distribution of carbides in the Low CT condition leading to a more uniform
distribution of cementite/ferrite interfaces for austenite nucleation throughout the microstructure
[12].
The influence of the increased grain sizes, (slightly) decreased martensite fraction, and banded
microstructure in the conditions coiled at 675 ◦C had the effect of reducing yield and tensile
strengths relative to the conditions coiled at 550 ◦C [4]. The effect of increased cold reduction on
the mechanical properties of the samples heat treated in the salt pots was, however, somewhat
unexpected. Figure 4.3 shows that yield strengths for the 70% cold reduction conditions were
lower in all cases than the same conditions with 40% cold reduction. This effect was further
explored through the use of EBSD. Figure 4.4 shows image quality maps (where light pixels indicate
ferrite, dark regions indicate martensite) overlaid with colored lines indicating grain boundary
misorientation. In Figure 4.4, red, green, and blue lines indicate boundaries of 2–5◦, 5–15◦, and
greater than 15◦ misorientation, respectively. Regions of martensite in Figure 4.4 can be identified
by the darker shading of the image quality map, as well as the grain size of the high angle boundary
(blue line) surrounding the grain. Ferrite grains are lighter in color, and typically have a larger
grain size. Some ferrite grains are found with no low angle grain boundaries, but many have
subgrains defined by red or green boundaries within the larger grain. The presence of these subgrain
boundaries in ferrite indicates that some grains have not fully recrystallized following intercritical
annealing. The incidence of these partially recrystallized grains is highest in the 40% cold reduced
samples. The lesser degree of recrystallization in the 40% cold rolled conditions is likely due to the
Figure 4.3 The yield strengths measured for the LowAl alloys in the Low CT condition (plotted
as a function of total nitrogen content with uncertainty bars indicating the likely
amount of AlN precipitation) for both the 40% and 70% cold rolled conditions after
intercritical annealing at 760 ◦C for 45 s followed by a water quench.
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Figure 4.4 EBSD image quality maps overlaid with colored lines indicating grain boundary mis-
orientations for the MedN-LowAl alloy for each of the combinations of the 550 ◦C
and 675 ◦C coiling temperatures (as indicated by the column labels) and 2 mm and
4 mm thicknesses (row labels) following intercritical annealing at 760 ◦C for 45 s and
a water quench.
decreased driving force for recrystallization in those conditions. It likely also explains the increased
yield strengths in the 40% CR conditions relative to the 70% conditions, since the ferrite in the
40% CR conditions has a greater amount of subgrain boundaries, leading to a smaller effective
grain size. The increased amount of recrystallization with increased coiling temperature may relate
to a change in AlN precipitation behavior between these two conditions. That is, any precipitates
formed at the lower coiling temperature would be finer, and therefore more effective at pinning
grain boundaries.
The complex effects of hot rolling parameters on microstructure (and consequently mechanical
properties) discussed in this section are not directly due to the influence of nitrogen (whether free
or precipitated), but can occur when process settings that influence nitrogen levels are changed. In
order to distinguish the effects of solute nitrogen from these changes in microstructure, four alloy and
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process combinations (all cold rolled to 70% reduction) were selected, having predictable variations
in microstructure related to hot-rolling conditions. Table 4.1 indicates these four conditions, along
with the relevant microstructural parameters and yield and tensile strengths measured previously
[4]. The 70% cold rolled condition was chosen to minimize any effects of incomplete recrystallization
on mechanical properties when determining nitrogen behaviors. All four of these conditions have
approximately the same ferrite grain size and martensite island size after intercritical annealing at
760 ◦C for 45 s (see Appendix D). The four different conditions are arranged in the expected order
of increasing free nitrogen content, based on the soluble nitrogen calculation shown in Figure 3.1.
The LowN-HighAl-Ti alloy should have nearly all of the nitrogen precipitated as TiN, given the Ti
concentration in excess of TiN stoichiometry. The MedN-LowAl alloy has Al and N concentrations
approximately equal to AlN stoichiometry. Both coiling temperature conditions are included for
this alloy, to influence the amount of AlN precipitation. The HighN-LowAl alloy is examined
in the condition coiled at 550 ◦C, since this is the condition most likely (with respect to both
thermodynamic and kinetic considerations) to have free nitrogen present.
4.2 Measurement of Nitrogen Contents and Distributions
This section presents results of three experiments: the electrolytic dissolution analysis of AlN
precipitation, internal friction measurements, and 3DAPT measurements. These experiments were
used to determine the amount of nitrogen precipitated as AlN, and the distribution of free nitrogen
in interstitial sites, or that associated with other crystallographic defects.
4.2.1 AlN Particle Separation and Dissolution Chemistry
The amount of AlN precipitation was determined by electrolytic dissolution of the steel matrix
in a methanol based solution and separating the precipitates by vacuum filtration. Analyses of the
Al content of these separated components (the filtrate and the precipitates) indicate the amount
of Al as a precipitate (oxide and nitride), and the total aluminum in the sample (by sum of
both components). The total concentration of aluminum was also determined by ICP-MS for a
sample completely dissolved in acid. The reliability of the ICP-MS method for determining Al
Table 4.1 – Alloys and Heat Treatment Conditions Selected for Variations in Free Nitrogen
Content
Area Martensite Ferrite Yield Tensile
Coiling Percent Island Size GS Strength Strength
Alloy Temperature Martensite (µm) (µm) (MPa) (MPa)
LowN-HighAl-Ti 675 ◦C 50.2±3.1 4.5±0.6 3.3±0.4 559 1051
MedN-LowAl
675 ◦C 45.8±2.6 5.3±0.8 3.9±0.4 564 1051
550 ◦C 49.8±3.0 5.1±0.8 3.7±0.5 584 1072
HighN-LowAl 550 ◦C 54.2±2.3 4.7±0.5 3.7±0.3 627 1144
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contents in the electrolytic and acid dissolution samples can be evaluated by comparison with the
results from OES measurements, as shown in Figure 4.5. Both methods of determining the total
aluminum content (acid dissolution samples the sum of filtrate and precipitate samples) are shown
in Figure 4.5, and a 1:1 correspondence is indicated by the dashed line. Though the ranges of
measured electrolytic dissolution and acid digestion samples from ICP-MS show some scatter, the
average Al concentration of samples corresponds well with the OES values. To reduce the effect of
this data scatter, each sample was measured twice via ICP-MS, and average values were used for
calculations of nitrogen contents in this thesis.
The measured aluminum concentrations for the four conditions in Table 4.1 following cold
rolling are shown in Figure 4.6. Nitrogen is discussed in later paragraphs. Though these samples
were dissolved in the cold rolled condition, it is unlikely that the precipitate amounts were affected
by the cold rolling process. Thus, the precipitate fractions measured represent the amounts present
following cooling from hot rolling. It is expected that the nitrogen in the LowN-HighAl-Ti is
precipitated at high temperature as TiN, and thus little to no AlN precipitation is expected in
that alloy. Therefore, the measured Al concentration in the “precipitate” sample represents the
amount of aluminum oxide formed in this alloy. To account for the formation of aluminum oxide
in other conditions, this amount (about 20 ppm Al) is subtracted from the “precipitate” sample
in the other conditions. This adjustment for aluminum oxide formation may be an underestimate
Figure 4.5 A comparison of the total aluminum content measured by ICP-MS with the reported
values by OES for all alloys and conditions evaluated by electrochemical dissolution
(the sum of the mass of Al in the filtrate and precipitate components divided by the
total mass dissolved, indicated by filled circles) and acid digestion (open circles).
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Figure 4.6 The measured concentrations of Al in the electrochemical dissolution samples (filtrate
and precipitate concentrations are shown as stacked bars, such that the height of the
bar corresponds to the summed Al concentration) and the acid digestion (total Al)
samples for the four conditions in Table 4.1 following hot rolling. Duplicate bars
indicate repeated ICP-MS measurements of the same sample.
however, since the Ti in the LowN-HighAl-Ti alloy may also form oxide, leading to less aluminum
oxide in that condition.
Figure 4.7 shows the distribution of nitrogen following cold rolling (i.e. as hot-rolled) as
determined using the Al measurements shown in Figure 4.6. The amount of nitrogen as TiN is
calculated assuming full precipitation of N in the alloy with excess Ti, and full precipitation of Ti







where wAlNAl is the amount of Al measured in the “precipitate” sample, w
Al2O3
Al is the amount of
aluminum in oxides (about 20 ppm), and 1.926 is used as the ratio of the atomic weights of Al:N.
The amount of free nitrogen was then determined by difference from the inert gas fusion (LECO)
measurements of nitrogen in Table 3.2. The results indicate that AlN precipitation in the MedN-
LowAl and HighN-LowAl alloys is largely incomplete. This is consistent with the reported amounts
of AlN precipitation from Pradhan and Battisti [54] in Figure 2.14, which show that only partial
precipitation of AlN is possible for stoichiometric or nitrogen-rich Al:N compositions at typical
coiling temperatures used in industry. The relatively small amount of AlN precipitation in the
current test conditions is likely due to the additional requirements for Al diffusion at low Al con-
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Figure 4.7 Nitrogen as free nitrogen, AlN, and TiN calculated from the measured Al amounts
from electrochemical dissolution for the four conditions in Table 4.1 in the cold rolled
conditions. Numbers indicate the amount of nitrogen as AlN in ppm, and uncertainty
bars indicate one standard deviation for duplicate measurements.
centrations limiting precipitation kinetics. Somewhat surprisingly, the amount of AlN precipitation
measured in the 675 ◦C simulated coiling temperature condition is less than the 550 ◦C condition.
Though the 550 ◦C coiling temperature reduces the distance that Al can diffuse in a given time,
the acicular ferrite microstructure formed in the Low CT condition has a smaller grain size than
the polygonal ferrite formed in the High CT conditions. The finer microstructure may reduce the
required diffusion distance for Al to reach a nucleation site on a grain boundary. An increase in
nucleation rate due to the refined microstructure in the Low CT condition might explain the slight
increase in AlN precipitation at the 550 ◦C coiling temperature.
The distribution of nitrogen following intercritical annealing at 760 ◦C for 45 s is shown in
Figure 4.8. AlN precipitation remains largely incomplete after intercritical annealing, such that
the majority of the nitrogen in the MedN-LowAl and HighN-LowAl alloys is free nitrogen. Each
of the intercritically annealed conditions tested showed more N as AlN relative to the cold rolled
conditions, indicating some precipitation (or growth of existing precipitates) during intercritical
annealing. Some context for the observed AlN precipitation amounts can be added by comparison
to the AlN precipitation kinetics reported by Radis and Kozeschnik [51] for a 0.047 Al, 0.0043 N
alloy at 750 ◦C (Figure 2.16a). They report that about one third of the possible AlN occurred after
45 s at that temperature, which is very similar to the current results.
Figure 4.8 shows the distribution of nitrogen relative to precipitation in the four conditions
(as-annealed) that will be analyzed further in this thesis, but a further understanding of AlN pre-
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Figure 4.8 Nitrogen as free nitrogen, AlN, and TiN calculated from the measured Al amounts
from electrochemical dissolution for the four conditions in Table 4.1 after intercriti-
cally annealing at 760 ◦C for 45 s and a water quench. Numbers indicate the amount
of nitrogen as AlN in ppm, and uncertainty bars indicate one standard deviation for
duplicate measurements.
cipitation in dual-phase steels can be obtained by examining additional steels with higher aluminum
contents. Figure 4.9 shows the distribution of nitrogen in the MedN-HighAl alloy coiled at 675 ◦C
(see Table 3.2) in the 40% and 70% cold rolled conditions, both before and after intercritical an-
nealing at 760 ◦C for 45 s. In these conditions, the majority of the nitrogen has precipitated as
AlN. The additional aluminum in these conditions reduced the required amount of Al diffusion to
create nuclei of the critical size, and thus the kinetics of precipitation were enhanced. The AlN
precipitation fractions reported by Pradhan and Battisti (shown in Figure 2.14) indicated a similar
increase in precipitation fractions with increased Al content. In the cold rolled conditions, 40%
reduction led to slightly more nitrogen precipitated as compared to 70% CR condition. Comparing
the cold rolled conditions (indicative of the hot band precipitate fractions) to those intercritically
annealed at 760 ◦C for 45 s indicates that some precipitation (or growth of existing precipitates)
occurs during intercritical annealing. More change in the precipitate fraction during intercriti-
cal annealing is observed in the 70% cold rolled condition, possibly indicating that the increased
dislocation density in that condition provided more nucleation sites for AlN during intercritical
annealing. The amount of nitrogen precipitated as AlN in the 70% cold rolled and intercritically
annealed condition also indicates good agreement between the calculated nitrogen amounts and
those measured by LECO. In this case, only 3 ppm of nitrogen remains unaccounted for (and thus
interpreted as free N) when considering both TiN and AlN precipitation.
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Figure 4.9 Distributions of nitrogen in the MedN-HighAl alloy coiled at 675 ◦C, in the 40%
and 70% cold reduction conditions, both before and after intercritical annealing at
760 ◦C for 45 s. Uncertainty bars indicate one standard deviation for duplicate
measurements.
The results from the electrolytic dissolution experiment indicate that AlN precipitation has
not completed in the MedN-LowAl or HighN-LowAl alloys, either before or after the intercritical
annealing treatment. The amount of free nitrogen has been determined for the four selected condi-
tions expected to represent the broad range of free nitrogen amounts. These free nitrogen amounts
will be used in future sections to correlate observations of phase transformations and mechanical
properties.
In summary, electrochemical dissolution experiments indicate that a 675 ◦C coiling temper-
ature is sufficient to precipitate most nitrogen as AlN in alloys with excess Al. In alloys with a
stoichiometric or nitrogen rich Al:N ratio, AlN precipitation is largely incomplete following cooling
to both 550 ◦C and 675 ◦C after hot rolling. In these alloys, most of the nitrogen is therefore
present as free nitrogen. Only a small amount of additional AlN precipitation occurs during inter-
critical annealing at 760 ◦C for 45 s. Electrolytic dissolution results have determined the amount
of free nitrogen for four selected conditions (those in Table 4.1) in both the cold-rolled condition
and following the 760 ◦C, 45 s intercritical annealing treatment.
4.2.2 Internal Friction
Internal friction was used to provide more information about the free nitrogen from the four
selected conditions that represent the range of free nitrogen used in this study (Table 4.1). Internal
friction provides the ability to quantitatively determine carbon and nitrogen amounts in interstitial
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sites (Snoek peaks), as well as qualitatively determine the amount of interstitial-dislocation interac-
tions (Snoek-Kê-Köster peaks). Thus, the internal friction results provide more information about
the locations of free nitrogen within the microstructure. All internal friction tests were conducted
on samples intercritically annealed at 760 ◦C for 45 s.
The internal friction spectrum recorded for the MedN-LowAl, 675 ◦C coiling temperature
condition is shown with the Debye peak fits in Figure 4.10 as representative data to discuss the
various dampening events observed. All six of the predicted Debye peaks (nitrogen h1, h0, and
h2 Snoek peaks, a carbon Snoek peak, the P4, and P5 peaks from Section 3.6) are present above
the background (Equation 3.5) on heating from the intercritically annealed condition. The data
are very similar to the results for the martensitic steel shown in Figure 3.6, with Snoek and SKK
peaks dominating most of the spectrum. Though it is not possible to distinguish the dampening
occurring separately in the ferrite and martensite from these data, the high defect density of
martensite (dislocations and solute) would suggest that the majority of the measured dampening
can be attributed to martensite.
Given the necessity of varying temperature in the constant-frequency apparatus selected for
these experiments, it is important to consider the tempering and aging effects that occur at the test
temperatures. Figure 4.11 shows the intensity of the fitted Debye peaks for the MedN-LowAl alloy
coiled at 675 ◦C for both of the heat treatment sequences applied to the intercritically annealed
samples. Heating at 1 ◦C/min to 450 ◦C and holding for 5 min (segment a1) is sufficient to
completely remove the Snoek peaks from the data observed on subsequent cooling, as shown in
segment a2 of Figure 4.11a. The P4 and P5 peaks are measurable above the background on
cooling, but are much reduced from the measurement on heating. Figure 4.11b shows very similar
Figure 4.10 A example from the intercritically annealed MedN-LowAl alloy coiled at 675 ◦C,
showing the six peaks identified in dual-phase steels. These peaks are related to
interstitial atoms (h2, h0, and h1 nitrogen, and carbon Snoek peaks) and interstitial-
dislocation interactions (P4 and P5). BG indicates the background signal.
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(a) (b)
Figure 4.11 Example internal friction data from the intercritically annealed MedN-LowAl al-
loy coiled at 675 ◦C, shown for (a) the sample heated to 450 ◦C, held for 5 min,
then cooled and (b) the sample heated to 170 ◦C, held for 20 min, cooled to room
temperature, and then heated to 450 ◦C as before.
intensities of Snoek peaks in the initial heating (compare segments a1 and b1), but after holding
at 170 ◦C for 20 min, the Snoek peak intensity is reduced (segment b2). Upon reheating (segment
b3), the Snoek peak magnitudes are essentially coincident with those measured during cooling
immediately before. This indicates good repeatability of internal friction measurements, and also
that aging phenomenon did not occur rapidly enough in this temperature range to change the
interstitial concentrations faster than internal friction could be measured. At higher temperatures,
segment b3 shows a slightly larger dampening maximum than without the 170 ◦C cycle (segment
a1). As with segment a2, cooling from 450 ◦C after a 5 min hold (segment b4) shows only relatively
small dislocation peaks, and no Snoek peaks. It is also worth noting that the temperature range
critical to the Snoek peaks (below 170 ◦C) is observed twice for each condition: as intercritically
annealed (segments a1 and b1), after heating to and holding at 170 ◦C for 20 minutes (segments
b2 and b3), and after (at least) heating to and holding at 450 ◦C for 5 minutes (segments a2 and
b4). The values of both observations will be discussed in subsequent figures.
The concentration of interstitial atoms away from other trapping sites (i.e. dislocations or
grain boundaries) was calculated with the empirical equations of De Cooman (Equation 3.6 for
carbon) [42] or of Stephenson (N from Equation 3.7) [44] in each condition. These values are
presented in Figure 4.12 for each alloy and each heating cycle. In general, only a small fraction of
the total amount of either carbon or nitrogen was present as interstitial solute. For example, of
the approximately 119 ppm free nitrogen measured by electrochemical dissolution in the HighN-




Figure 4.12 The amount of (a) carbon and (b) nitrogen in interstitial sites away from trapping
sites for each of the aging treatments. Bars of the same shade indicate duplicate
observations. Where Snoek peaks were not distinguishable, a label is added to
indicate that the bar is too small to be displayed.
boundaries. The amount of interstitial nitrogen increases with increasing nitrogen content in the
alloys (Figure 4.12b). The amount of interstitial nitrogen in the MedN-LowAl, Low CT condition is
slightly less than the same alloy in the High CT condition (on average, 6 ppm compared to 7 ppm),
mirroring the amounts of free nitrogen determined from electrochemical dissolution experiments.
Aging at 170 ◦C for 20 minutes in all cases reduced the amount of interstitial carbon and nitrogen.
The reduction of carbon could be due to diffusion to trapping sites (grain or phase boundaries,
dislocations) as well as formation of iron carbides. The reduction of nitrogen is likely due trapping
at defect sites. No significant carbon Snoek peak was found following the 450 ◦C heating cycle, and
the interstitial nitrogen amounts were also significantly reduced in comparison to the 170 ◦C aging
condition. This reduction is probably due to a continuation of the mechanisms that occur during
the aging at 170 ◦C, though carbide precipitation is more likely dominant at the higher temperature.
The possibility of AlN precipitation during this treatment was considered, but the calculations and
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data reported by Radis and Kozeschnik [51] (shown in Figure 2.16) indicate that AlN precipitation
kinetics at 450 ◦C would not allow for appreciable AlN precipitation in five minutes.
The aging treatment at 170 ◦C for 20 minutes had the effect of changing the relative intensity
of the three nitrogen Snoek peaks. Using the MedN-LowAl alloy coiled at 550 ◦C as a represen-
tative sample, Figure 4.13 compares the Snoek peaks recorded during heating of the intercritically
annealed condition (Figure 4.13a) to the peaks recorded on cooling after the 170 ◦C, 20 min hold
(Figure 4.13b), along with the calculated component peaks. On heating, the magnitudes of h2, h0,
and h1 peaks did not conform to the expected 5:1:1 ratio discussed in Section 3.5. Rather than
the h2 peak being the most prominent, the h0 peak was often seen to have the greatest amplitude,
or all three peaks were of nearly equal magnitude. This unusual distribution of peak amplitude
was not seen following the 170 ◦C aging treatment. In that condition, the h2 peak was seen to be
much closer to the 5:1 ratio relative to both other peaks reported in literature [40]. The nitrogen
distribution in the intercritically annealed condition suggests that nitrogen was not able to diffuse
to the more favorable two-manganese-atom interstitial sites, but was more randomly distributed.
Two factors, either independently or in combination, may bring about the initial (more ran-
dom) distribution in the intercritically annealed condition. First, nitrogen present in the austenite
before quenching will likely not have the necessary time to redistribute to the most favorable two-
manganese atom interstitial sites (n2 sites) during the quench. Second, the banded manganese
distribution may alter the distribution. There are likely fewer n2 sites in the Mn-lean ferritic
regions, and therefore dampening from these regions will have a higher proportion of h0 and h1
peaks. The redistribution of nitrogen following heating to 170 ◦C then indicates the diffusion of
randomly distributed nitrogen atoms to lower energy sites. Along with trapping sites, a reduction
(a) As intercritically annealed (b) After 170 ◦C age
Figure 4.13 A comparison of the MedN-LowAl steels coiled at 550 ◦C as representative of the
two different distributions of nitrogen Snoek peaks (h2, h0, and h1) observed in the
(a) intercritically annealed condition and (b) following a 170 ◦C aging treatment.
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of N diffusivity may result due to Mn-N dipole formation [37]. Nitrogen atoms that contribute to
the h0 and (to a lesser extent) the h1 peaks are more able to diffuse to lower energy trapping sites,
and thus these peaks are reduced more by diffusion phenomenon than the h2 peak.
Figure 4.14 shows the observed magnitude of P4 peaks (Figure 4.14a) and P5 peaks (Fig-
ure 4.14b) in each alloy for the intercritical condition, and following the 170 ◦C, 20 min and
450 ◦C, 5 min aging treatments. The P4 was related to dislocation content in martensite, and
the P5 peak relates to the motion of dislocations with Cottrell atmospheres. In general, the four
alloys and conditions did not show systematic differences in the dislocation peaks. The substantial
P5 peak (SKK peak) observed for each sample in the intercritically annealed condition is perhaps
unexpected given the absence of yield point phenomenon reported previously [4]. Significant num-
bers of these pinned dislocations are likely from the martensite however, which does not plastically
deform in the initial stages yielding [17]. The absence of yield point elongation phenomenon might
(a)
(b)
Figure 4.14 The maximum dampening value of the (a) P4 and (b) P5 (SKK) peaks for each
alloy and starting condition.
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suggest there was little nitrogen in the ferritic areas of the microstructure following intercritical
annealing. Given the high dislocation density of the ferrite in dual-phase microstructures, it is un-
clear how much nitrogen is necessary to produce yield point phenomenon, however. The observed
P4 peak magnitude decreases following the 170 ◦C, 20 min heating cycle in all alloys except for the
HighN-LowAl, Low CT condition. The 450 ◦C, 5 min heating cycle nearly removed the P4 peak in
all cases. These observations are consistent with the results of previous researchers that tempering
reduces the P4 peak magnitude [76]. The P5 peak, however, increases in magnitude following the
170 ◦C, 20 min cycle, with some mobile dislocations becoming pinned, thereby increasing P5 while
decreasing P4. Concurrent with the measured decrease in interstitial contents (Figure 4.12), the P5
behavior indicates an increase in the amount of pinned dislocations associated with the formation
of Cottrell atmospheres. Though the effects of changing active dislocation lengths have not been
assessed, the offsetting changes in P4 and P5 magnitudes may indicate that the dislocation density
remains fairly constant during the 170 ◦C, 20 min cycle, with some dislocations becoming pinned,
thereby increasing P5 while decreasing P4. The large decrease in both P4 and P5 magnitudes
following the 450 ◦C, 5 min cycle likely indicates a reduction in dislocation density due to recovery.
4.2.3 3D Atom Probe Tomography
3DAPT was used to determine more information about the distribution of free nitrogen in the
microstructure, particularly as it relates to grain boundary segregation and partitioning between
phases. Three different tips of the HighN-LowAl, Low CT, 70% CR condition intercritically an-
nealed at 760 ◦C for 45 s were prepared following the methods described in Section 3.7. The region
of interest selected for tip preparation was a ferrite-martensite phase boundary. Examination of
a ferrite-martensite interface would indicate how much nitrogen has segregated to that boundary,
as well as the amount of nitrogen partitioning between ferrite and martensite on either side. The
HighN-LowAl, Low CT condition was chosen since it has the most free nitrogen present. The
large amount of free nitrogen is useful to increase the probability of detecting nitrogen, and also to
maximize the amount of nitrogen relative to silicon. As discussed previously, N+ ions cannot be dis-
tinguished from Si2+ ions in time-of-flight measurements. For this work, the peak at a mass:charge
ratio of 14 was identified as nitrogen, but probably contains some amount of Si detections as well.
An example mass spectrum recorded during testing is shown in Figure 4.15 to indicate the rela-
tive frequency of detections of selected ions. Table 4.2 shows each of the mass:charge ratio peaks
detected during analysis of all three tips. Each detection event for the reconstructed models
presented in this section was given an ion assignment based on the mass to charge ratio calculated
from time-of-flight. The ion assigned to each peak is also shown in Table 4.2. Where more than
one ion could create the peak, only the most likely ion (based on relative atomic fraction in the
alloy, and location relative to the features of the tip) is assigned, but the possible alternates are
listed in Table 4.2. Particularly important for the current work is the overlap between N+ ions and
Si2+ ions. The instrument operated using laser excitation in an effort to generate Si+ ions, rather
than Si2+ ions, to minimize overlap with N+.
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Figure 4.15 A typical mass spectrum recorded during atom probe analysis of the test steels, with
selected peaks labeled with the ion assignment given. Ga is present in the sample
from the ion milling process, and the background signal is likely due to detection
events from ion evaporation events that did not correspond to a laser pulse.
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Figure 4.16 shows bright field (Figure 4.16a) and dark field (Figure 4.16b) TEM images of
APT specimen #1. The approximate amount of material evaporated in the atom probe instrument
is indicated by the curved lines in each image. A grain boundary was identified using dark field
imaging, such that the diffraction condition selected for imaging is met by one grain near the
edge of the tip. The position and projected orientation of this grain boundary is indicated by
the arrows in Figure 4.16. The reconstructed positions of Fe, C, Mn, and N atoms detected from
APT specimen #1 are shown in Figure 4.17, oriented such that the plane of the boundary is
perpendicular to the plane of projection in order to maximize its visibility. Note that a 180◦
rotation around the axis of the tip has occurred between the TEM images and the projection
shown in Figure 4.17. Both the TEM images and the atom probe reconstruction are necessary
to interpret the type of boundary that existed in this tip. The bright field TEM image shows
mostly similar contrast on each side of the boundary, with the exception of darker areas (perhaps
dislocation contrast) on the side of the boundary nearest the base of the specimen. The dark
field image is useful for determining the location of the grain boundary along the length of the
needle, but does not provide enough resolution to identify specific features within the grain. The
atom probe reconstruction indicates a fairly uniform composition of C and Mn throughout the two
matrix grains on either side of the boundary. If the boundary was a phase boundary, it would be
expected that C, Mn, and perhaps N would appear at different compositions across the boundary.
To aid in the analysis of compositions, and explore elemental partitioning to the boundary, a
cylindrical volume with a diameter of 11 nm and length of 24 nm was constructed perpendicular
to the boundary. The composition of 0.5 nm slices of this cylinder were calculated, and plotted as
a function of distance along the dimension perpendicular to the boundary. The C, Mn, Cr, and
N concentrations throughout this volume are shown in Figure 4.18. The significant partitioning
of some of these elements to the boundary will be discussed shortly, but the similar compositions
of Mn, C, and N on either side of the boundary implies that the two crystals on either side of
the boundary are not chemically distinct. Furthermore, the carbon content measured on each
side of the boundary is approximately 0.25 at pct (about 0.05 wt pct), which is less than the
alloy composition. It is expected that the ferrite would be carbon depleted, and the martensite
would be carbon rich relative to the alloy composition, since partitioning occurs during intercritical
annealing. Therefore, the data suggest that this is a boundary between two grains of ferrite. Given
the small size of the grain illuminated in the dark field TEM image, it is also possible that this is
a subgrain boundary as a result of incomplete recrystallization.
Figure 4.18 shows significant partitioning of Mn, C, and Cr to the boundary. Nitrogen (or Si
that cannot be separated from N in time-of-flight data) does not appear at an elevated concentra-
tion at the boundary. The significant amount of partitioning of Mn (and to a lesser extent, Cr) to
the boundary indicates that the boundary captured in APT specimen #1 existed in the sample at
the same location long enough for substitutional segregation at elevated temperature, rather than
the boundary becoming present at this location during the quench, when little to no substitutional




Figure 4.16 (a) Bright field and (b) dark field images of APT specimen #1, along with curved
reference lines indicating the approximate amount of material evaporated in the
atom probe instrument. Arrows indicate a two dimensional trace of the ferrite-





Figure 4.17 The reconstructed positions of (a) Fe (gray), C (red), Mn (yellow), and N (blue)
atoms from APT specimen #1, along with (b) C, (c) Mn, and (d) N detections
shown individually. The orientation of the tip for these images has been rotated
180◦ around the long axis relative to Figure 4.16. Arrows indicate a two dimensional
trace of the boundary for reference. All axes units are in nanometers. Carbon and
nitrogen detections are plotted with a symbol two times larger than Fe or Mn to
increase visibility.
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Figure 4.18 The measured concentrations of C, Mn, Cr, and N averaged across an 11 nm di-
ameter cylinder with a 24 nm length centered on, and perpendicular to the grain
boundary identified in APT specimen #1.
was a boundary between two grains of ferrite, and Mn and Cr partitioning occurred during inter-
critical annealing. The absence of nitrogen at the boundary (despite time enough for substitutional
partitioning) is strong evidence that this type of boundary does not act as a sink for nitrogen.
Figure 4.19 shows bright field and dark field TEM images for APT specimen #2. The portion
of the tip evaporated during atom probe analysis is comprised of two separate grains. The grain
at the sharpened tip (the point that serves as the origin for atom probe measurements) is most
visible in the bright field image as a lighter grain. The grain boundary between this grain and
the grain that was illuminated in the dark field image (Figure 4.19b) was captured in atom probe
measurements of this tip. The reconstructed atom probe position data for APT specimen #2 is
shown in Figure 4.20, once again oriented such that the grain boundary identified in each figure by
the arrow is viewed from the edge. In this case, there is a clear difference in composition on either
side of the grain boundary in Figure 4.20. The concentration of C and Mn is higher in the grain
closer to the base of the needle. Using the same logic discussed in relation to APT specimen #1,
it is likely that this boundary is between martensite on the left (the grain illuminated in the dark
field image) and ferrite on the right (the grain near the origin). The identification of one grain
as martensite is supported by the difference in contrast between the two grains in the bright field
image, where the grain nearer to the base of the needle shows more dislocation contrast than the
grain at the tip. That observation however, may also be a function diffraction conditions in the
TEM. Further evidence for the grain illuminated in dark field being martensite can be seen in the




Figure 4.19 (a) Bright field and (b) dark field images of APT specimen #2, along with curved
reference lines indicating the termination of evaporation in the atom probe instru-
ment. Arrows indicate a two dimensional trace of the ferrite-martensite boundary




Figure 4.20 The reconstructed positions of (a) Fe (gray), C (red), Mn (yellow), and N (blue)
atoms from APT specimen #2, along with (b) C, (c) Mn, and (d) N detections
shown individually. Arrows indicate a two dimensional trace of the ferrite-martensite
boundary for reference. All axes units are in nanometers. Carbon and nitrogen
detections are plotted with a symbol two times larger than Fe or Mn to increase
visibility.
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carbon diffusion to the cores of dislocations in martensite [62, 63], but may also represent diffusion
to lath boundaries.
The composition profiles for Mn, C, and N across this boundary were investigated in a similar
fashion to APT specimen #1, using a rectangular prism of 20 nm height and 30 nm width and
a length of 30 nm perpendicular to the grain boundary. These composition profiles are shown
in Figure 4.21. The increase in carbon and manganese concentration across the boundary is evi-
dent. There is also a slightly higher concentration of nitrogen at the grain interface. Carbon and
manganese (as well as chromium, which is not shown in this example) do not appear at elevated
levels at this grain boundary. The lack of Mn segregation to this boundary may be evidence that
this boundary was of newer origin (less time at temperature) than the boundary investigated in
APT specimen #1, which would support the identification of one grain as martensite. The elevated
nitrogen content at the interface may be suggestive of nitrogen partitioning to a phase boundary
in this case, but an alternative mechanism is possible. Because the atom probe is not capable of
distinguishing N+ and Si2+ ions, this elevated concentration may be due to Si rejection from the
intercritical austenite island that would become the martensite grain.
Figure 4.22 shows the third APT specimen, with a bright bright field and two different dark
field TEM images of APT specimen #3, and the corresponding atom probe position reconstruction
is shown in Figure 4.23. For this tip, the identification of a phases is made simpler by the appear-
Figure 4.21 The measured concentrations of C, Mn, and N averaged across an 20×30 nm rect-
angular prism of 30 nm length and perpendicular to the grain boundary identified





Figure 4.22 (a) Bright field and (b and c) two dark field images of APT specimen #3, with
diffraction conditions for (b) one of the variants of the martensite laths and (c)
the ferrite grain at the tip. Also shown are curved reference lines indicating the
approximate amount of material evaporated in the atom probe instrument, arrows
indicate a two dimensional trace of the ferrite-martensite boundary for comparison




Figure 4.23 The reconstructed positions of (a) Fe (gray), C (red), Mn (yellow), and N (blue)
atoms from APT specimen #3, along with (b) C, (c) Mn, and (d) N detections
shown individually. Arrows indicate a two dimensional trace of the ferrite-martensite
boundary for reference. All axes units are in nanometers. Carbon and nitrogen
detections are plotted with a symbol two times larger than Fe or Mn to increase
visibility.
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ance of laths in both bright field and dark field TEM (Figure 4.22). The dark field image shows
two different orientations of the laths, one set approximately parallel with the long dimension of
the tip, and one set approximately perpendicular. Only a small portion of the region showing these
features was captured during evaporation of ions for APT specimen #3. Figure 4.22c highlights
the grain at the sharpened point (corresponding to the majority of the data in Figure 4.23) in a
dark field image. This grain does not show significant contrast in bright field or dark field TEM
imaging, and Figure 4.23 shows a decrease in carbon and nitrogen concentration for this grain in
comparison to the grain in the upper left portion of the evaporated tip. Thus, the data indicate
that the boundary indicated by arrows in these figures is a ferrite-martensite boundary.
A rectangular analysis volume (11 nm wide and 26 nm high, with a length across the boundary
of 34 nm) was used as before to compute concentration profiles across the boundary, which are
shown in Figure 4.24. In this case, none of the three elements shown in Figure 4.24 are seen
to have an elevated concentration isolated to the plane of the boundary. Like with the previous
martensite-ferrite boundary (Figure 4.19), substitutional segregation is indicative of an interface
that was either in motion during intercritical annealing, or formed during the quench, precluding
the possibility of substantial partitioning. The composition profiles plotted in Figure 4.24 may
show slight partitioning of Mn, C, and N across a diffuse region roughly corresponding to the phase
boundary (compare the average compositions for 0 to 10 nm shown in Figure 4.24 with those from
30 to 35 nm). The increase in nitrogen concentration in the martensite is a direct measurement of
Figure 4.24 The measured concentrations of C, Mn, and N averaged across an 11×26 nm rect-
angular prism of 34 nm length and perpendicular to the grain boundary identified
in APT specimen #3. The approximate position of the grain boundary is indicated
by an arrow.
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nitrogen partitioning from the intercritical anneal. It should also be noted that there is less concern
related to the potential N+ and Si2+ overlap while discussing the elevated nitrogen levels in the
martensite grain, since Si would partition to ferrite rather than martensite.
The three tips investigated with atom probe tomography give perspectives on nitrogen parti-
tioning to both ferrite-ferrite grain boundaries and ferrite-martensite boundaries. Only in one case
did nitrogen show an elevated concentration near a martensite-ferrite boundary, and that result
is not conclusive due the possibility of Si ions measured in that location. The conclusion of the
3DAPT experiments is that nitrogen did not substantially segregate to grain boundaries, or segre-
gated slightly only in some cases. 3DAPT measurements indicate that nitrogen does partition to
austenite during intercritical annealing, leading to a higher concentration of nitrogen in martensite.
4.3 Determination of Intercritical Phase Stability
This section will examine the intercritical phase stability of the four alloy/processing conditions
in Table 4.1. Nitrogen effects are examined with quantitative metallography in a range of different
intercritical temperatures and hold times in Section 4.3.1 (primarily relating to austenite formation),
and by quantitative dilatometry in Section 4.3.2 (austenite formation and decomposition).
4.3.1 Heat Treatments and Quantitative Metallography
The effects of N, Ti, and Al compositions on the intercritical stability of austenite were simu-
lated using Thermo-Calc®. As discussed in Section 2.8, solute nitrogen tends to stabilize austenite,
and calculations with Thermo-Calc® indicate that solute Al and Ti tend to stabilize ferrite. The
range of solute effects of N, Al, and Ti on intercritical phase stability can be captured by consid-
ering the maximum N addition (the HighN-LowAl alloy) and the maximum Al and Ti additions
(the LowN-HighAl-Ti alloy), where all three elements are present as a solute. Figure 4.25 shows
the calculated equilibrium austenite fraction as a function of intercritical temperature for these
two alloys, along with the base chemistry (2.0 Mn, 0.1 C, 0.2 Cr, 0.2 Mo), in the condition where
no precipitation has taken place. The calculations were performed assuming full equilibrium (full
partitioning of Mn and other substitutional elements). At every temperature, the HighN-LowAl
curve is calculated to have a higher equilibrium austenite fraction than the base alloy, and that
the LowN-HighAl-Ti alloy is calculated to have a lower equilibrium austenite fraction than the
base alloy. Thus, the calculations indicate that solute nitrogen does increase the fraction of equi-
librium austenite, and that aluminum and titanium solutes will reduce the amount of intercritical
austenite. Samples of the LowN-HighAl-Ti, High CT condition and the HighN-LowAl, Low CT
condition (both with 70% cold reduction) were intercritically annealed for 45 s at 725, 735, and
760 ◦C to compare the equilibrium Thermo-Calc® predictions (over the widest range of solute
compositions) to the experimental conditions in the current work, as indicated by the data points
in Figure 4.25. Cooling from the intercritical temperature was performed with a water quench,
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Figure 4.25 Thermo-Calc® predictions of the fraction of austenite as a function of temperature at
the intercritical temperatures (solid curves), along with the measured phase fractions
(points) for intercritical annealing treatments in the salt pots at 725, 735, and 760 ◦C
for 45 s.
so that martensite fractions are approximately equal to the intercritical austenite fraction. A full
summary of quantitative metallographic results can be found in Appendix D. At all three temper-
atures, the HighN-LowAl, Low CT condition had a greater average martensite fraction than the
LowN-HighAl-Ti, High CT condition. The measured martensite fractions following the 760 ◦C,
45 s annealing treatment showed reasonable agreement with the Thermo-Calc® predictions, but
the lower temperatures led to lower martensite fractions than equilibrium calculations indicated.
Figure 4.26 shows SEM micrographs for the two conditions intercritically annealed at 725 ◦C for
45 s following quenching. Carbides are present in both conditions, but are particularly prominent
in the LowN-HighAl-Ti, High CT. The 45 s intercritical anneal did not allow enough time for
pearlite dissolution in either alloy at 725 ◦C. The differences in the amount of carbide dissolution
and martensite fraction in these micrographs likely indicate that the driving force for austenite
formation in the HighN-LowAl alloy was somewhat higher than the LowN-HighAl-Ti alloy, leading
to faster austenite formation kinetics. The presence of carbides was also investigated at 735 ◦C for
45, 90, and 300 s, and compared to the calculated kinetics of pearlite dissolution reported by Speich
[14] in Figure 4.27. Annealing at 725 ◦C for 45 s led to retained carbides in both conditions, and
corresponds to the region where Speich indicates that pearlite dissolution is the controlling factor
for austenite formation. At 735 ◦C, the LowN-HighAl-Ti, High CT condition was found to have
carbides at both 45 s and 90 s, but no carbides were found in the HighN-LowAl alloy in the Low CT
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(a) (b)
Figure 4.26 SEM micrographs of the (a) LowN-HighAl-Ti, High CT and (b) HighN-LowAl, Low
CT conditions following intercritical annealing at 725 ◦C for 45 s, etched with nital.
Selected carbides are identified by arrows.
Figure 4.27 The presence of carbides in the LowN-HighAl-Ti, High CT and HighN-LowAl, Low
CT conditions as a function of time and temperature, compared with the calculations
of Speich [14]. Filled circles indicate carbides seen in both alloys, half circles indicate
carbides only in the LowN-HighAl-Ti, High CT condition, and open circles indicate
conditions where no carbides were found.
86
condition for these times. Annealing for 45 s and 90 s at 735 ◦C approximately corresponds with
the calculated end of pearlite dissolution described by Speich. At higher temperatures (760 ◦C,
45 s) or longer times at 735 ◦C (300 s was used), no carbides were found in either condition.
Previous investigations that considered all of the nitrogen, aluminum, and titanium combi-
nations (Table 3.2) and various coiling temperature conditions did not find systematic trends in
martensite fraction as a function of alloying [4]. The lack of a systematic alloying effect across a
wide range of alloying and processing variables indicates that the effects of N, Al, and Ti compo-
sitions on intercritical phase stability can be masked by various other factors affecting intercritical
austenite formation. Considerations such as grain boundary area at the start of austenite formation
(which can depend on the coiling temperature, cold reduction, or recrystallization conditions) or
the distribution of carbides should be taken into account.
4.3.2 Dilatometry
Dilatometric experiments were conducted to consider both the effects of free nitrogen on the
formation of austenite at the intercritical temperature, and the decomposition of austenite via the
epitaxial ferrite growth mechanism. These experiments were designed to explore the thermody-
namic effects of nitrogen on the phase fraction of austenite during intercritical annealing, but also
to distinguish the effects of nitrogen on the kinetics of austenite formation and epitaxial ferrite
formation.
The time-temperature path for exploring austenite formation was shown in Figure 3.10, and
involves heating to 760 ◦C at 3.9 ◦C/s, and a 10 min hold at the intercritical temperature to
observe phase transformations. Measurements of austenite formation were collected with both the
laser and contact dilatometer. Figure 4.28 shows example contact dilation data from this thermal
cycle. The modeled strain as a function of temperature for a given microstructure (calculated
from Equation 3.16) is shown for the starting microstructure, the region of pearlite dissolution
(where austenite formation is modeled as equilibrium pearlite dissolution from Equation 3.19),
and dashed lines indicating various percentages of austenite in an austenite-ferrite mixture. Upon
heating, the dilation data initially follow the modeled behavior of the ferrite-12% pearlite mixture
of the starting microstructure. At temperatures above 400 ◦C, the contact dilation data show
somewhat less strain than the modeled behavior. This behavior is not seen in data from the laser
dilatometer. Several explanations exist in the literature for this phenomenon, primarily centered
around the idea of anisotropic recrystallization during heating [98–100]. One study indicates that
the force of the dilatometer itself may influence the recrystallization texture, leading to anisotropic
strain measurements [100]. This may explain why the effect is seen in the data from the contact
dilatometer, but not from the laser measurements. The 10 minute hold at the 760 ◦C intercritical
temperature is indicated by the vertical section of data, where continued contraction throughout
the hold indicates continuous austenite formation at temperature. After the 10 minute hold, the
sample is heated to 950 ◦C and quenched in order to record the CTE of austenite.
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Figure 4.28 Contact dilatometric data recorded from the MedN-LowAl alloy in the Low CT, 70%
CR condition for intercritical annealing at 760 ◦C for 10 min before full austenitizing
at 950 ◦C. Dashed lines indicate solutions of Equation 3.16 for various percentages
of austenite, along with solid lines indicating the starting microstructure and 100%
austenite.
The amount of austenite formed during heating to and holding at 760 ◦C determined from laser
dilation data for each of the four conditions is shown in Figure 4.29 as a function of time after the
first detectable austenite formation. In general, the amounts of intercritical austenite determined
from the conversional model indicate about 20% less austenite than than the martensite fractions
measured from metallographic observations (see Table 4.1). The data show that most of the
austenite formation occurs during the first 10–20 seconds of heating and holding above the Ac1.
The increasing amount of austenite with time throughout the remaining 10 min hold indicates
that austenite formation continues for several minutes at 760 ◦C. The continued formation of
austenite during this time frame is consistent with the mechanisms reported by Speich [14], as
carbon redistributes within an austenite grain and allows for austenite growth (see Figure 4.27).
The fact that austenite formation is not complete for several minutes at 760 ◦C is particularly
important in light of the 45 s intercritical annealing time used throughout much of this work. The
dashed line in Figure 4.29 indicates the timing of a 45 s hold after reaching 760 ◦C. The amounts
of austenite formation were seen to vary widely at that time, and so kinetic factors are particularly
important to the amount of intercritical austenite (and therefore martensite) formed. The amount of
martensite formed after 45 s in each condition tested does not directly correlate with the measured
free nitrogen levels either before (Figure 4.7) or after intercritical annealing (Figure 4.8). The
HighN-LowAl alloy does have the highest rate of austenite formation in the initial part of the test,
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Figure 4.29 The formation of austenite during heating and holding at 760 ◦C for 10 minutes, as
measured by laser dilatometry.
but the LowN-HighAl-Ti alloy has very similar rates. This is in contradiction to the metallographic
results indicating that the early stages of austenite formation (i.e. pearlite dissolution) occurred
substantially more quickly in the HighN-LowAl, Low CT condition than in the LowN-HighAl, High
CT condition (Figure 4.27). In order to determine which, if any, of the observed differences in these
measurements are significant, further dilatometry work was done. The quartz contact dilatometer
was employed for subsequent work due to a long term maintenance issue with the laser dilatometer.
Unlike the laser dilation data, data from the contact dilatometer did not correspond well with
the model developed for determining phase transformations. The measured CTE of austenite was
about 20% lower than reported in literature [90] and measured in laser dilatometry. Often, more
strain was recorded between the starting microstructure and the fully austenitic steel (a function
of both the measured CTE and the lattice parameters of austenite) than the model would predict.
It is possible that these errors in measurement may be due to deformation of the quartz rods of
the dilatometer at high temperatures [83]. In order to determine phase fractions from the contact
dilatometer, the values for CTE and lattice parameters of austenite and ferrite were fitted to match
the starting microstructure and fully austenitic conditions. In this manner, the calculation of
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phase fractions is similar to the linear method presented in ASTM A-1033 [101], but retains the
non-linear relationship between strain and phase fraction from the conversional model. Data for
austenite formation at 760 ◦C for 10 min for each of the four conditions calculated with the modified
conversional method are shown in Figure 4.30. The general appearance of the phase fraction data
differs slightly from the laser data. First, the amount of electronic noise in the measurement is
reduced. Second, the slopes of the phase fraction curves toward the end of the intercritical hold
are somewhat more positive than in the laser data. This may indicate that not all of the influence
of the thermal expansion of the quartz rods was removed by fitting the CTE values, and some
drift occurred in the measurements throughout the test [83]. In these data, like the laser data, the
HighN-LowAl, Low CT condition had the highest initial rate of austenite formation. It is not clear
if the greater amount of austenite formation in the LowN-HighAl-Ti alloy at long times is related
to metallurgical factors, or if it is due to error in the measurement due to the quartz rods. The lack
of a systematic trend in phase fraction data between conditions in Figures 4.29 and 4.30 indicates
that the repeatability of the dilatometric measurements do not allow for conclusive determinations
of the effects of different levels of free nitrogen on intercritical phase fractions.
Figure 4.30 The formation of austenite during heating and holding to 760 ◦C for 10 minutes, as
measured by contact dilatometry.
90
In addition to the observations of austenite formation, the contact dilatometer was used to
explore the effects of nitrogen on the kinetics of epitaxial ferrite formation during cooling. Example
dilation data from the LowN-HighAl-Ti, Low CT condition for this thermal cycle are shown in
Figure 4.31. Like the data previously shown from the contact dilatometer, the CTE values were
fit, rather than literature values. Figure 4.31 shows dilation data for heating to 760 ◦C, holding
for 45 s, cooling to 625 ◦C, and the 10 minute hold at 625 ◦C. The dilation data corresponding
to the decomposition of intercritical austenite are shown by the vertical arrow at 625 ◦C. Like the
previous testing, the sample was subsequently heated to 950 ◦C to determine the CTE of austenite.
The volume fractions of austenite determined from this thermal cycle as a function of time from
the first detection of austenite formation are shown in Figure 4.32. In this case, the HighN-LowAl,
Low CT condition was seen to form the least amount of austenite during the initial heat and hold
at 760 ◦C. Each of the conditions is seen to exhibit a decreasing fraction of austenite during the
10 min hold at 625 ◦C. In order to confirm that the decrease in austenite fraction measured during
this hold is due to epitaxial ferrite formation, samples from the LowN-HighAl-Ti, High CT and
HighN-LowAl, Low CT conditions were quenched to room temperature using helium at the end of
Figure 4.31 Example dilation data from the LowN-HighAl-Ti, High CT, 70% CR condition
monitoring the formation of intercritical austenite at 760 ◦C for 45 s, followed by the
decomposition of that austenite at 625 ◦C for 10 mins. The subsequent austenitizing
step used to determine the CTE of austenite is omitted from this plot for clarity.
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Figure 4.32 The formation of austenite at 760 ◦C for 45 s, followed by the decomposition of that
austenite at 625 ◦C for 10 min for each of the conditions in Table 4.1, as measured
by contact dilatometry.
the 10 min hold. SEM micrographs from these samples are presented in Figure 4.33. Only polygonal
(or recovered) ferrite and martensite are observed in these microstructures. The absence of any
lamellar pearlite structure indicates that the dilation measured for each condition in Figure 4.32
was due to epitaxial ferrite growth. Epitaxial ferrite cannot be specifically distinguished from
intercritical ferrite following the nital etch used to prepare the micrographs in Figure 4.33. All four
conditions display a similar rate of austenite decomposition, indicating that the thermodynamic
effect of nitrogen on the stability of austenite does not significantly affect the rate of epitaxial ferrite
formation at this temperature.
4.4 Mechanical Properties
The effects of nitrogen on mechanical properties can be interpreted in reference to the nitrogen
amounts and distributions, and martensite fraction effects found in the previous sections. Tensile
properties of the four conditions in Table 4.1 following intercritical annealing at 760 ◦C for 45 s
with a water quench were determined in the M.S. thesis. Results from these experiments were
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(a) (b)
Figure 4.33 Example SEM micrographs indicating an absence of pearlite in the (a) LowN-
HighAl-Ti, High CT and (b) HighN-LowAl, Low CT conditions, produced by
quenching with helium at the end of the 625 ◦C, 10 min hold in the dilatometry
testing used to collect data for Figure 4.32.
summarized in Figure 2.18 and in Table 4.1, and will continue to be compared with the new results
presented in this section. Additional tensile testing was performed on the four conditions with the
widest variations in free nitrogen following an intercritical annealing treatment at 735 ◦C for 300 s.
This intercritical annealing treatment was selected to produce a dual-phase microstructure with
about 30% martensite, to be more representative of industrial results. Furthermore, aging at 80 ◦C
for 4 hours was used to explore the strain aging properties of dual-phase steels with free nitrogen.
Finally, nanoindentation was conducted to examine trends in martensite and ferrite hardness with
changing nitrogen contents.
4.4.1 Tensile and Strain Aging Behaviors
The intercritical annealing treatments described in Section 4.3.1 were used to identify an
intercritical annealing treatment that produced about 30% martensite and did not contain carbides.
The 735 ◦C 300 s intercritical annealing treatment was selected for tensile testing on this basis.
Figure 4.34 shows SEM micrographs of the LowN-HighAl-Ti, High CT condition and HighN-LowAl,
Low CT condition developed during this intercritical anneal (with a water quench) in the salt pots.
A summary of the average microstructural features of each condition can be found in Table 4.3.
The microstructures after the 735 ◦C, 300 s anneal exhibit less martensite than those annealed at
760 ◦C for 45 s, ranging from about 27% to about 37% martensite. For this intercritical annealing
treatment, the martensite fraction increases systematically with increasing free nitrogen content.
The martensite islands are smaller following the 735 ◦C, 300 s intercritical anneal, and the bands
that were almost entirely martensitic following the 760 ◦C annealing treatment are composed at
735 ◦C of smaller martensite islands interspersed with recovered ferrite subgrains. The grain size of
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(a) (b)
Figure 4.34 SEM micrographs of the (a) LowN-HighAl-Ti, High CT and (b) HighN-LowAl, Low
CT conditions (both cold rolled to 70%) following intercritical annealing at 735 ◦C
for 300 s, etched with nital.
Table 4.3 – Microstructural Feature Sizes and Tensile Properties After Intercritical Annealing at
735 ◦C for 300 s
Ferrite Martensite
Free N Martensite Grain Size Island Size YS UTS
(ppm)a Percent (µm) (µm) (MPa) (MPa)
LowN-HighAl-Ti High CT 2 26.7 1.8 1.0 355 723
MedN-LowAl
High CT 77 31.3 1.4 1.0 350 739
Low CT 68 33.3 1.5 1.0 325 737
HighN-LowAl Low CT 138 37.1 1.1 0.9 385 816
aThe measurement of free nitrogen in the cold rolled condition is used.
the ferrite is therefore very bimodal in these alloys, with large ferrite grains in the Mn-lean bands
having a typical size of several to tens of microns, and the ferrite subgrains having typical sizes of
a micron or less.
Figure 4.35 shows engineering stress-strain curves for the four conditions in Table 4.1 tested
after intercritical annealing at 735 ◦C for 300 s. Table 4.3 also shows the yield and ultimate tensile
strengths for these four conditions. Each of the curves shows continuous yielding and high work
hardening behavior typical of dual-phase steels [18]. The ultimate tensile strengths are slightly
lower than the target for a DP800 grade (800 MPa UTS) in all cases except the HighN-LowAl,
Low CT condition. The HighN-LowAl, Low CT condition had yield and tensile strengths higher
than all other conditions. The measured sensitivities of yield and tensile strengths to free nitrogen
content for both the 735 ◦C, 300 s and the 760 ◦C, 45 s intercritical annealing treatments are shown
in Figure 4.36. Calculations presented in the M.S. work [4] using Equation 2.18 identified that TiC
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Figure 4.35 Engineering stress-strain curves for the four conditions in Table 4.3.
precipitation could create a 64.1-84.9 MPa increase in yield strengths for the HighN-LowAl-Ti
condition. Likewise, comparisons of the LowN-HighAl-Ti and LowN-HighAl alloys in the High CT,
70% CR condition, intercritically annealed at 760 ◦C for 45 s found a 63.8 MPa difference in yield
strengths, and 60.1 MPa change in UTS due to the addition of Ti [4]. Therefore, 64 MPa was
subtracted from the yield and tensile strengths for the LowN-HighAl-Ti alloys to compensate for
the effects of TiC precipitation in Figure 4.36. The adjusted data point is shown with an open
symbol, and the measured data are shown with filled symbols. Without measurements of free
nitrogen following a 735 ◦C, 300 s intercritical anneal, the free nitrogen values from the cold rolled
condition are used for this treatment. The measured nitrogen sensitivity coefficients vary between
about 7 GPa/wt pct (the value found for the sensitivity to total nitrogen content in Figure 2.18)
and about 13 GPa/wt pct. These values are substantially higher than the values reported for solid
solution strengthening of nitrogen in ferrite (Table 2.2). Therefore, some of the strength indicated
by these coefficients is likely due to changes in the microstructure between the four conditions.
Notably, the increase in martensite fraction between the three alloys (increasing from 27, to about
30, to 37 between the LowN-HighAl-Ti, MedN-LowAl, and HighN-LowAl alloys) likely contributes
to this strengthening effect. The various magnitudes of nitrogen solid solution strengthening and
martensite fraction will be explored further in Chapter 5, including a composite model fit of the
behaviors.
It was previously noted that the engineering stress-strain curves for each condition exhib-
ited continuous yielding behavior. While this observation indicates no strain aging in the as-
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Figure 4.36 Yield and ultimate tensile strengths of the 760 ◦C, 45 s and 735 ◦C 300 s inter-
critically annealed samples as a function of free nitrogen content. Solid symbols
are recorded data, and open symbols indicate the calculated strength without the
effects of TiC precipitation in the LowN-HighAl-Ti alloy.
intercritically annealed conditions, a more sensitive analysis was conducted to confirm this finding.
Waterschoot et al. [102] demonstrated that even very small amounts of strain aging can be de-
tected in ferrite by examining the instantaneous work hardening behavior at the point of yielding.
Figure 4.37 plots the instantaneous work hardening rates of the samples intercritically annealed
at both 760 ◦C for 45 s and 735 ◦C for 300 s near the point of yielding. Any yield point elon-
gation would be apparent as a trough in the work hardening rates near the point of yielding, as
schematically indicated in Figure 4.37. No such indication was observed for any of the plotted
conditions. The work hardening behavior is clearly distinguishable between the two intercritical
annealing treatments, with the 760 ◦C, 45 s anneal exhibiting an initially higher work hardening
rate after yielding, and a lower rate at higher strains. This effect of annealing treatment is likely
due to the different levels of martensite in the two conditions. In the 760 ◦C, 45 s case, work
hardening was greater in the first stage of yielding (the stage controlled by ferrite yielding) because
the ferrite regions are smaller and less continuous than in the lower martensite fraction conditions
(at 735 ◦C). Throughout most of the duration of the test, the work hardening rates are not system-
atically related to free nitrogen content. In a limited region of strain however, the instantaneous
work hardening rates of the conditions annealed at 735 ◦C for 300 s do show an increasing trend
with increasing nitrogen content. Figure 4.38 shows the instantaneous true work hardening rates
at strains of 0.005, 0.010, 0.015, and 0.030 for these conditions. The effect of nitrogen is most pro-
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Figure 4.37 Instantaneous work hardening rates for all four conditions in Table 4.1 both for the
760 ◦C, 45 s and 735 ◦C 300 s intercritical annealing and quenched treatments. The
dashed line schematically indicates the work hardening behavior indicating yield
point elongation reported by Waterschoot et al. [102].
Figure 4.38 The instantaneous work hardening rates at true strains of 0.005, 0.010, 0.015, and
0.030 for the conditions in Table 4.1 intercritically annealed at 735 ◦C for 300 s,
showing the increased work hardening rate with increasing nitrogen at low strains.
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nounced at ε = 0.005, with the effect diminishing at higher strains until it is no longer detectable
above about ε = 0.030. The dependence of work hardening rate on nitrogen in these early stages
of yielding could be due to two mechanisms. First, some free nitrogen may have been present in
the ferrite, and interacted with dislocations to increase work hardening during the early stages
of yielding. It is possible that the effect is only seen in the lower martensite fraction conditions
because the wider spacing of austenite pools (due to the decreased austenite fraction) did not allow
for as much partitioning (and some N remaining in ferrite) as may have happened in the higher
martensite fraction steels. Alternatively, the work hardening effect may be a secondary effect that
results from the increase in martensite fraction with increasing free nitrogen content. An increased
martensite fraction will lead to more dislocations in the ferrite adjacent to phase boundaries from
the martensitic transformation strains. This increased dislocation density may then increase work
hardening through increased dislocation-dislocation interactions and dislocation multiplication.
The behavior of free nitrogen in these conditions was further explored by conducting elevated
temperature treatments to induce strain aging, and measuring tensile properties following the
age. Immediately following intercritical annealing at 735 ◦C for 300 s, samples were aged for
4 hours at 80 ◦C (no prestrain was needed, and the dislocation population for strain aging was
presumably from the martensitic transformation strains). The 80 ◦C, 4 hour time and temperature
combination was identified following a review of strain aging literature in order to maximize the
amount of nitrogen aging, with less carbon aging due the somewhat lower diffusivity of carbon at
that temperature. Example engineering stress-strain curves from the intercritically annealed and
the strain aged condition for the LowN-HighAl-Ti, High CT condition and the HighN-LowAl, Low
CT condition are shown in Figure 4.39. The stress strain curves from the aged conditions show no
evidence of yield point elongation Aging did increase yield strength, tensile strength, and elongation
values in all conditions tested. A summary of the tensile properties of the aged conditions is shown
in Table 4.4. The increase in elongation properties is likely due to low-temperature tempering
mechanisms acting in the martensite (e.g. carbon diffusion to dislocations, carbon clustering). The
increase in strength (both yield strength and work hardening rate were increased) is likely also
be due to the diffusion of carbon (and to a lesser extent, nitrogen) to dislocations. This type
of diffusion is confirmed from the internal friction measurements, where carbon and part of the
nitrogen moved from interstitial sites to dislocations on heating to 170 ◦C and during the 20 min
Table 4.4 – Mechanical Properties Measured After Aging at 80 ◦C for 4 Hours
Free N YS ∆σYS UTS ∆σUTS
(ppm)b (MPa) (MPa) (MPa) (MPa) TE ∆TE
LowN-HighAl-Ti High CT 2 384 29 790 66.4 0.158 0.027
MedN-LowAl
High CT 77 376 26.9 793 53.8 0.139 0.018
Low CT 68 381 55.8 803 66.4 0.164 0.024
HighN-LowAl Low CT 138 451 66.2 891 74.7 0.142 0.019
bThe measurement of free nitrogen in the cold rolled condition is used.
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(a) (b)
Figure 4.39 Example engineering stress-strain curves for the (a) LowN-HighAl-Ti, High CT and
(b) HighN-LowAl, Low CT conditions intercritically annealed at 735 ◦C for 300 s,
in both the as-quenched condition, and following aging at 80 ◦C for 4 hours.
hold. Though the kinetics of diffusion will be somewhat slower at the 80 ◦C temperature used in
the strain aging experiments, it is likely that carbon and nitrogen diffused to dislocations during
this aging. Other researchers have also shown that tempering of dual-phase steels in this time and
temperature range will lead to strengthening, and attributed the changes to carbon diffusion to
dislocations, and possibly the early part of transition carbide precipitation [102]. The newly formed
Cottrell atmospheres will decrease the mobile dislocation density in the ferrite, increasing the yield
strength and dislocation multiplication.
4.4.2 Nanoindentation Hardness
Nanoindentation hardness was measured for each of the conditions indicated in Table 4.1
(with the exception of the LowN-HighAl-Ti condition, which was tested in the Low CT condition)
following intercritical annealing at 760 ◦C for 45 s. Indents were categorized based on the phase
indented and the proximity to a grain boundary (using an estimated plastic radius) as ferrite
indents, ferrite with a phase boundary, martensite with a phase boundary, and martensite indents.
Examples of these indents were shown in Figure 3.17. Figure 4.40 shows the distribution of hardness
values recorded for the 225 indents placed on the HighN-LowAl, Low CT, 70% CR condition for each
of these categories of indents. The median, first and third quartile values, and data within 1.5×IQR
(inner quartile range) for the ferrite and martensite indents show distinct hardness distributions for
ferrite and martensite. The data for each phase that were affected by adjacent phase boundaries
fall in wider ranges between the measured martensite and ferrite hardnesses. Outliers (defined as
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Figure 4.40 The hardness distributions (boxes indicate the 1st quartile, median, and 3rd quartile
and the bars indicate the maximum and minimum hardness values within a range of
1.5 times the interquartile range) of each of the four types of indents in the HighN-
LowAl, Low CT, 70% CR condition. Outliers are indicated by data points. P.B. -
phase boundary
data outside 1.5 × IQR) indicate some indents in ferrite that were substantially harder, and some
indents in martensite that were softer than most other indents in the respective phase. These
points likely indicate hardness indents that were affected by a different constituent that was just
beneath the etched surface. Only the results from the ferrite and martensite indents (those without
the influence of phase boundaries) are shown through the remainder of this thesis, since these are
considered most representative of the bulk properties of each phase.
The hardnesses of ferrite and martensite as a function of free nitrogen for each of the conditions
in Table 4.1 after intercritical annealing at 760 ◦C for 45 s are shown in Figure 4.41. Ferrite hardness
was observed to have little sensitivity to free nitrogen content. The average martensite hardness
appeared to increase with increasing free nitrogen content, however. Comparisons of the 95%
confidence intervals indicate that martensite from the condition with 119 ppm nitrogen is clearly
harder than the condition with 2 ppm nitrogen at a 95% confidence level. Furthermore, the fitted
slope of the linear regression is greater than zero with a statistical significance of better than 95%
confidence. The dependence of martensite hardness on free nitrogen content, and the absence of
a dependence of ferrite hardness on free nitrogen content indicates that nitrogen is partitioning to
martensite. Nitrogen is active as a solid solution strengthener in both phases (see Figure 2.19) and
so the absence of a strengthening effect in ferrite can be interpreted as an absence of substantial
nitrogen variation in that phase.
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Figure 4.41 The average nanoindentation hardness of ferrite and martensite as a function of
free nitrogen content for each of the conditions shown in Table 4.1. Uncertainty
bars indicate 95% confidence intervals, dashed lines indicate linear regression fits
for ferrite and martensite data, and a 95% confidence interval for the martensite
hardness fit is shown by the solid lines.
A comparison of the effect of nitrogen on martensite hardness from this experiment and that
reported in literature can be made using a relationship between Vicker’s hardness and nanoinden-
tation hardness reported by Taylor et al. [103]. The initial linear slope of the Vicker’s hardness of
martensite as a function of nitrogen content reported by Pickering [3] (Figure 2.19b) was multiplied
by the regression coefficient from Taylor et al. to predict a nanoindentation hardness sensitivity of
6.47 MPa/ppm nitrogen. This value is within the 95% confidence interval fit of the 5.19 MPa/ppm
nitrogen regression coefficient shown in Figure 4.41. That figure however, does not account for
the change in nitrogen content of the martensite due to nitrogen partitioning. Assuming that
weight and volume fraction of martensite are approximately equal and full nitrogen partitioning
to martensite, the nitrogen concentration of the martensite would be the measured free nitrogen
content divided by the martensite fraction of each condition. Figure 4.42 shows these values with a
comparison to the slope reported by Pickering [3]. When partitioning is accounted for, the expected
increase in martensite hardness with nitrogen content is somewhat higher than the observed slope.
The measured hardness of martensite is likely being affected by two mechanisms. First, nitro-
gen acting as a solid solution strengthener. Second, the changes in phase stability and martensite
fraction (corresponding to the changes in nitrogen content) may lead to a lower carbon content
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Figure 4.42 The hardness of martensite as a function of free nitrogen content assuming full par-
titioning to martensite, along with the slope of the effect of nitrogen on martensite
hardness reported by Pickering [3] (see Figure 2.19b).
in the martensite with increasing nitrogen. Since the total carbon content in each of these con-
ditions is constant, and the amount of martensite increases between each of the conditions, it is
likely that the carbon content of the martensite decreases with increasing free nitrogen content.
Thermo-Calc® predictions also indicate that the equilibrium carbon content of austenite decreases
with increasing nitrogen content at the intercritical temperature. The measured sensitivity to total
nitrogen is therefore represents a composite effect resulting from increasing nitrogen solid solution




This chapter provides additional interpretations of selected results presented in the previous
chapter with reference to three distinct categories. First, results are discussed relating to the distri-
bution of nitrogen amongst various trapping sites (refer to Figure 1.1) and the partitioning between
phases during the intercritical anneal. The second section discusses the various observations of the
effects of nitrogen on intercritical phase stability and the kinetics of transformations. The final
section discusses the modeling of tensile properties using a composite model, and the mechanisms
by which nitrogen affects tensile properties.
5.1 The Distribution of Nitrogen
The previous chapter analyzed the distribution of nitrogen through electrochemical dissolu-
tion, internal friction, and atom probe tomography. This section will discuss the results of those
experiments, and describe the distribution of nitrogen in the test steels.
The total amount of nitrogen is taken from the inert gas fusion (LECO) measurements per-
formed by U.S. Steel. Section 4.2.1 described the amount of TiN (calculated) and AlN determined
from the electrolytic dissolution experiments. A summary of the average values of duplicate ob-
servations from these experiments for the cold rolled conditions is shown in Table 5.1 under the
headings TiN and AlN. Free nitrogen is estimated by the difference from LECO interstitial analysis
of the total nitrogen amounts. As stated previously, the results of the electrolytic dissolution exper-
iments for these conditions indicate that the majority of nitrogen in stoichiometric or nitrogen-rich
alloys in the cold rolled condition is free nitrogen.
Amounts of nitrogen as TiN and AlN after the 760 ◦C, 45 s intercritical anneal are shown
in Table 5.2. While some additional Al precipitation was observed, AlN precipitation was still
largely incomplete following intercritical annealing. Internal friction and atom probe tomography
experiments conducted on the 760 ◦C, 45 s intercritically annealed and quenched samples provide
Table 5.1 – Summary of Nitrogen Distributions Determined by Electrolytic Dissolution in the
Cold Rolled Condition (i.e. Prior to Intercritical Annealing), ppm
Coiling
Alloy Temperature TiN AlN Free N Total
LowN-HighAl-Ti 675 ◦C 30 0 0 30
MedN-LowAl
675 ◦C 4 8 77 89
550 ◦C 4 17 68 89
HighN-LowAl 550 ◦C 3 18 138 159
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further refinement of the description of the remaining nitrogen. The measurements of nitrogen
from the internal friction experiments can be used to quantify the amount of free nitrogen in
simple interstitial sites (those not associated with a dislocation or grain boundary). The amount
of nitrogen in these simple interstitial sites is the nitrogen that contributes to Snoek peaks (the
h2, h0, and h1 peaks). The nitrogen that is associated with a dislocation or grain boundary
does not contribute to the magnitude of these three peaks, since the binding energy of either of
those features increases the activation energy for nitrogen interstitial reordering. The amounts
of nitrogen measured to be in simple interstitial sites is shown in Table 5.2 under the heading of
“Simple Interstitial.”
The amount of nitrogen in simple interstitial sites is much less than the free nitrogen amounts
determined from electrochemical dissolution experiments. The remaining nitrogen (LECO amounts
less TiN, AlN, and the amount of nitrogen in simple interstitial sites) is likely to be either in
Cottrell atmospheres around dislocations or associated with grain boundaries. (Reported as Cottrell
atmospheres in Table 5.2, estimated by difference.) Internal friction experiments showed a large
peak related to the motion of dislocations with Cottrell atmospheres, but those peaks cannot
accurately quantify the amount of nitrogen in the atmospheres due to uncertainty in the length
of active dislocation segments. The 3DAPT experiments, however, do provide a perspective on
the amount of nitrogen at grain boundaries. Of the three boundaries examined in that work (see
Section 4.2.3), two showed that nitrogen contents were not elevated at the boundary. (The third tip
was considered inconclusive, since the overlap with silicon time-of-flight measurements cannot be
deconvoluted). The conclusion from the 3DAPT experiments is therefore that, under the current
alloy and processing conditions, the amount of nitrogen segregation to grain boundaries is minimal.
Therefore, the amount of nitrogen that is not combined as TiN, AlN, or measured to be in a simple
interstitial site is interpreted as being associated with a dislocation in a Cottrell atmosphere. The
distribution of nitrogen following intercritical annealing at 760 ◦C for 45 s, and water quenching
determined in this work is shown in Figure 5.1. In the LowN-HighAl-Ti alloy, only a few parts-
per-million of nitrogen is present in simple interstitial sites measured by internal friction. The
remainder of the nitrogen is likely precipitated as TiN. While greater interstitial nitrogen levels are
Table 5.2 – Summary of Nitrogen Distributions Determined by Electrochemical Dissolution,
Internal Friction, and Atom Probe Tomography after Intercritical Annealing at 760 ◦C for 45 s,
ppm
Coiling Cottrell Simple
Alloy Temperature TiN AlN Atmospheres Interstitial Total
LowN-HighAl-Ti 675 ◦C 28 0 0 1.9 30
MedN-LowAl
675 ◦C 4.1 12 65 7.3 89
550 ◦C 4.1 25 53 6.2 89
HighN-LowAl 550 ◦C 2.9 37 109 9.6 159
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Figure 5.1 The measured distribution of nitrogen for each of the conditions in Table 4.1 after
intercritical annealing at 760 ◦C for 45 s as indicated by electrochemical dissolution
and internal friction measurements.
present in the in the MedN-LowAl alloy and the HighN-LowAl alloy the majority of the nitrogen
is present in Cottrell atmospheres in these alloys.
The description of the distribution of nitrogen is not complete however, without determin-
ing the partitioning of nitrogen between the martensite and ferrite. Several direct observations
related to nitrogen partitioning were reported in the last chapter. The measurement of elevated
levels of nitrogen in a martensite grain in 3DAPT relative to the adjacent ferrite grain, and the
observation that martensite hardness was a function of free nitrogen content (while ferrite hardness
was not) are both indicative of nitrogen partitioning during the intercritical anneal. The 3DAPT
experiment indicated a concentration of nitrogen (plus silicon) approximately two times higher in
the martensite grain than the adjacent ferrite grain, although it is not possible to distinguish the
nitrogen concentration from the amount of silicon present in that observation in order to obtain
a more quantitative result. If equilibrium partitioning occurs, Thermo-Calc® simulations indicate
that only about 2 ppm of nitrogen would be present in ferrite at temperatures between 735 ◦C
and 760 ◦C. The remainder, contained mostly in Cottrell atmospheres in the martensite, would
not likely influence yield point elongation behaviors, since martensite does not plastically deform
during the initial stages of yielding. The equilibrium amount of nitrogen in ferrite does not lead
to yield point elongation due to the high dislocation density created from the martensitic transfor-
mation. The dependence of work hardening rate on free nitrogen amounts during the initial stages
of yielding of the 735 ◦C, 300 s intercritically annealed conditions may be evidence of the nitrogen
remaining in ferrite.
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The partitioning of nitrogen to austenite during the intercritical anneal has significant impli-
cations for the industrial practice of using Ti and Al additions to “stabilize” nitrogen in order to
prevent yield point elongation. This work indicates that nitrogen can also be “stabilized,” in ef-
fect, by intercritical partitioning and entrapment in the martensite phase under typical dual-phase
steel processing conditions. This mechanism of suppressing the aging effect has several differences
compared to precipitation as the mechanism of nitrogen stabilization. First, the needed amount of
Ti and Al alloying additions may be reduced. Second, the coiling temperature may not need to be
designed to assure full precipitation of AlN. A lower coiling temperature can be used relative to
stabilizing nitrogen with Al, which leads to a finer grain size, less carbon banding, and better ten-
sile properties. Finally, as will be discussed in the subsequent sections, the remaining free nitrogen
(primarily contained in the austenite) may itself be advantageous by affecting both intercritical
phase stability and tensile properties.
5.2 The Effects of Free Nitrogen on Phase Transformations
This section considers the effects of nitrogen on intercritical austenite stability from two per-
spectives: thermodynamic effects, and kinetic effects. Thermo-Calc® simulations discussed ear-
lier (and shown in Figure 4.25) indicate that nitrogen tends to stabilize austenite at intercritical
temperatures, and solute aluminum and titanium tend to stabilize ferrite. These simulations indi-
cated a difference in the equilibrium austenite fractions between the LowN-HighAl-Ti alloy and the
HighN-LowAl alloy of about 7% (by weight) at 760 ◦C, and about 4% at 735 ◦C. Identifying this
thermodynamic effect across a wide range of alloys and processing conditions is difficult because
of the number of other effects from which the thermodynamic difference must be deconvoluted.
For example, changing the coiling temperature modified the grain size and carbide distribution
(which could affect austenite formation kinetics) as well as free nitrogen amounts. These other
factors may explain why earlier studies [4] did not find a systematic effect of alloy on martensite
fractions. Across the four conditions selected with the widest range in free nitrogen effects for
this thesis (Table 5.1) however, there was a correlation of martensite fractions with free nitrogen
amounts. Martensite fractions following the 735 ◦C, 300 s intercritical anneal were particularly
systematic, increasing from 0.27 to 0.37 as free nitrogen (before the anneal) increased from 2 to
138 ppm. Comparing the LowN-HighAl-Ti, High CT condition to the HighN-LowAl, Low CT
condition (with constant cold reduction) indicates that the higher free nitrogen condition always
led to higher martensite fractions (see Figure 4.25). These selected observations indicate that the
thermodynamic effect of free nitrogen (and perhaps Al and Ti) does influence the intercritical phase
fractions, along with several other kinetic effects.
One of the primary results from the dilatometry presented in Chapter 4 is that austenite
formation continues for several minutes at 760 ◦C, indicating that kinetic factors likely have a
substantial effect on the final martensite fractions for the shorter hold times used in the current
work. Since the intercritical phase fractions calculated from the dilation data measured at 760 ◦C
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did not match the amounts measured through metallography and were not repeatable between dif-
ferent instruments however, the effect of nitrogen on the kinetics of austenite was determined from
quantitative metallographic data. The metallographic observations of pearlite dissolution kinetics
during the 725 ◦C and 735 ◦C intercritical annealing treatments may indicate differences in kinet-
ics between the LowN-HighAl-Ti, High CT condition and the HighN-LowAl, Low CT conditions
(Figure 4.25). In those cases, pearlite dissolution in the LowN-HighAl-Ti, High CT condition took
more time than in the HighN-LowAl alloy. The enhanced kinetics of pearlite dissolution in the
HighN-LowAl, Low CT condition may be due to two mechanisms. First, the difference in carbide
distribution between the High CT and Low CT conditions may have allowed for faster pearlite
dissolution in the HighN-LowAl, Low CT condition. As previously described, the Low CT con-
dition led to more randomly distributed carbides and an acicular ferrite matrix, which may have
enhanced austenite nucleation kinetics. Second, the difference in pearlite dissolution may also be
influenced by nitrogen effects on the stability of intercritical austenite. The higher equilibrium
austenite fractions predicted for the HighN-LowAl, Low CT condition indicate that the driving
force for austenite formation is higher in that condition. The higher driving force would, in turn,
lead to faster austenite formation kinetics.
5.3 Modeling of Mechanical Property Effects
The model presented by Mileiko [22] and Garmong and Thompson [23] provides the basis
for a method to incorporate the effect of free nitrogen on martensite fractions and the changes in
martensite hardness measured by nanoindentation. The equation used for the model was previously


















where σc is the flow strength of the composite, fM is the volume fraction of martensite, σ
∗
M is
the ultimate tensile strength of martensite, ε∗M is the uniform strain of the martensite, σ
∗
F is the
ultimate tensile strength of the ferrite, and ε∗F is the uniform strain of the ferrite. This composite
model can be adapted to account for solid solution strengthening in martensite by calculating the
ultimate tensile strength of martensite (σ∗M ) as a function of nitrogen content:
σ∗M = σ
o
M + 5000wN (5.2)
where σoM is a baseline martensite UTS, wN is the free nitrogen concentration in weight percent,
and the coefficient 5000 represents the amount of solid solution strengthening due to nitrogen
in MPa/wt pct N. The value was selected from the literature review of the effects of ferrite on
yield strength (Table 2.2) as a likely approximation of the effects of nitrogen on martensite tensile
strengths. This value was used in the modelling to represent the combined effect of nitrogen
solid solution strengthening, and the effects of decreased carbon content due to the corresponding
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change in martensite fraction. Since the free nitrogen content, martensite fraction, and uniform
elongation values were measured for the four conditions representing the widest range of nitrogen
effects following two intercritical annealing treatments, the measured values were available for use
in the model to predict a UTS value. A summary of these values for each of the conditions modeled
is shown in Table 5.3. UTS was selected as the most applicable property for fitting due to the
assumption of complete stress partitioning inherent to the Mileiko model. Since dual-phase steels
partition strain heavily during the initial stages of yielding, the model is probably not logically




F , and ε
∗
F are therefore
required to model the UTS. The values reported by Davies [9] for fitting a wide range of dual-phase
steels were used as starting values, and optimized for the present results to find σoM = 1800 MPa,
ε∗M = 0.07, σ
∗
F = 300, and ε
∗
F = 0.31. Equation 5.1 can therefore be simplified to
σc = 387.583(1 − fM)e−εε0.07 + 1.96024(1800 + 5000wN)fMe−εε0.31 (5.3)
where all notation is as above. Figure 5.2 shows a plot of the modeled (predicted) values for the
conditions where free nitrogen was measured (Tables 5.1 and 5.2) for both the 735 ◦C, 300 s and
760 ◦C, 45 s intercritical annealing treatments, plotted against the measured UTS values from
those conditions. (64 MPa was subtracted from the LowN-HighAl-Ti conditions to compensate for
TiC precipitate strengthening, as discussed in Section 4.4.1). A linear fit of the data plotted in
Figure 5.2 data (with a slope of 1) provides an R2 coefficient of 0.906. The small amount of variation
between the modeled results and the actual tensile strengths indicates that the model capturing
the changes in martensite hardness and martensite fraction (by way of using the measured values)
with changing free nitrogen contents is successful at predicting variations in the ultimate tensile
strength of these dual-phase microstructures.
Table 5.3 – Values Used for Fitting UTS Values Using the Mileiko Model
Alloy and Free Modeled Measured
Coiling Nitrogen Martensite Uniform UTS UTS
Temperature (ppm) Fraction Elongation (MPa) (MPa)
760 ◦C, 45 s
LowN-HighAl-Ti, High CT 2 0.52 0.08 1057 988
MedN-LowAl, High CT 73 0.46 0.07 970 1052
MedN-LowAl, Low CT 59 0.49 0.06 1024 1072
HighN-LowAl, Low CT 119 0.55 0.07 1130 1144
735 ◦C, 300 s
LowN-HighAl-Ti, High CT 2 0.27 0.10 670 660
MedN-LowAl, High CT 77 0.31 0.10 750 739
MedN-LowAl, High CT 68 0.33 0.12 784 737
HighN-LowAl, Low CT 138 0.37 0.10 853 816
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Figure 5.2 A comparison of the modeled UTS to the measured values calculated using Equa-
tion 5.3, based on the measured free nitrogen contents (Tables 5.1 and 5.2), values for
martensite fraction measured from metallography, and uniform elongations measured
from tensile data. 64 MPa was subtracted from the UTS values for the LowN-HighAl-
Ti alloy conditions to account for the effects of TiC precipitation (see Section 4.4.1).
It is therefore concluded that the change in strength with changing free nitrogen amounts
found in the four conditions analyzed in this study is likely due to three mechanisms. First, a
change in the martensite fraction due to the change from the 675 ◦C coiling temperature to the
550 ◦C coiling temperature. As noted previously, this change tends to decrease grain sizes, and
increase the martensite fraction through changes in the austenite nucleation behavior. Second, a
change in martensite fraction due to nitrogen stabilizing additional austenite during the intercritical
annealing treatment contributes to increased tensile strength. Finally, the dual-phase microstruc-
ture is strengthened by (nitrogen) solid solution strengthening of the martensite. The measured
sensitivities of yield and tensile strengths to free nitrogen ranged from 7 to 13 GPa/wt pct N. This
is much higher than the approximation of 5000 MPa/wt pct N that solid solution strengthening will
contribute to martensite. The remainder of that magnitude should be attributed to the changes
in martensite fraction due to nitrogen stabilizing austenite during the intercritical anneal and the




The distribution of nitrogen in a dual-phase microstructure, its effects on phase transforma-
tions, and the resultant mechanical properties were determined in a series of 0.1 C, 2.0 Mn, 0.2 Cr,
0.2 Mo (wt pct) alloys containing different levels of N, Al, and Ti to control free nitrogen amounts.
Changes in the simulated coiling temperature (between 550 ◦C and 675 ◦C) were used to further
control the amount of free nitrogen. The distribution of nitrogen between different trapping sites
was measured using electrolytic dissolution, internal friction, and three dimensional atom probe
tomography experiments. The effects of free nitrogen on the kinetics of austenite formation and
the amount of austenite formed at intercritical temperatures was investigated using metallographic
examination and dilatometry. Mechanical properties were measured by tensile testing, including an
examination of the effects of aging at 80 ◦C on yield point elongation. The mechanical properties
of the ferrite and martensite were measured via nanoindentation hardness.
One of the primary factors controlling the distribution of nitrogen was the precipitation of AlN.
In alloys with a large of excess Al relative to Al:N stoichiometry, a simulated coiling temperature
of 675 ◦C was sufficient to precipitate the majority of nitrogen as AlN. In a lower Al alloy with a
stoichiometric mixture of Al and N (0.017 Al and 0.008 N were used) or an alloy with excess nitrogen,
AlN precipitation did not proceed to completion, such that the majority of nitrogen was present
as free nitrogen. Internal friction measurements indicate that the majority of this free nitrogen
was associated with a trapping site, with less than 10 ppm N present in interstitial sites away from
dislocations or grain boundaries. Three-dimensional atom probe tomography experiments indicated
that only a small amount of free nitrogen partitioned to the ferrite-ferrite or ferrite-martensite
interfaces examined. Therefore, the majority of the free nitrogen in the dual-phase steels examined
was present in Cottrell atmospheres, likely in the martensite. Partitioning of nitrogen during the
intercritical anneal leads to the majority of the free nitrogen being present in the martensite phase,
with an small amount still present in the ferrite related to the equilibrium partitioning conditions
(about 2 ppm) at the intercritical temperature.
The amount of martensite present after the intercritical anneal and quench was related to the
amount of free nitrogen in select conditions. There are likely two factors that influence this behavior.
First, Thermo-Calc® simulations indicate that increasing free nitrogen increases the equilibrium
amount of austenite at a given intercritical temperature. Experimental observations confirmed
that an alloy with excess nitrogen (relative to Al or Ti stoichiometry) had more martensite present
after quenching than an alloy where most of the nitrogen was precipitated as TiN. Dilatometric
results indicate that austenite formation was incomplete for the 760 ◦C, 45 s intercritical annealing
treatment investigated here, meaning that changes in kinetics of austenite formation can lead to
larger differences in martensite fractions when annealing times are short. The second reason that
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martensite fractions may correlate with increasing free nitrogen content in the specific conditions
tested is not a direct effect of nitrogen. The lower coiling temperature used to increase the amount
of free nitrogen also led to a finer (acicular ferrite) microstructure, and more widely dispersed
carbides. Some of changes in martensite fraction are likely due an increase in austenite nucleation
kinetics due to these changes in the hot rolled microstructure.
Finally, the mechanical properties of the dual-phase steel were measured through both ten-
sile testing and nanoindentation hardness. Tensile tests indicate that yield and ultimate tensile
strengths increase with increasing free nitrogen content in the alloy. The effect of nitrogen was
observed for intercritical annealing treatments of both 760 ◦C for 45 s (producing between 45 and
55% martensite) and 735 ◦C for 300 s (creating between 27 and 37% martensite). All of the inter-
critically annealed and quenched exhibited continuous yielding, and an aging treatment at 80 ◦C
for 4 hours did not lead to the yield point elongation. This result is somewhat unexpected given
the previous determination that most of the free nitrogen was present in Cottrell atmospheres.
Those Cottrell atmospheres are mostly contained in the martensite phase however, which is not
likely to plastically deform in the early stages of yielding. It was therefore concluded that the equi-
librium amount of nitrogen (and carbon) that is present in the ferrite is not sufficient to decrease
the mobile dislocation density and activate yield point elongation. Nanoindentation hardness ex-
periments showed that the hardness of martensite increases with increasing free nitrogen, but that
the hardness of ferrite does not show a sensitivity to nitrogen. While this is further evidence to
support the interpretation of nitrogen partitioning during intercritical annealing, it also means that
some of the correlation in yield and tensile strengths to nitrogen content can be attributed to solid
solution strengthening in the martensite. The measured sensitivity of yield and tensile strengths to
free nitrogen content varies between 7000 and 13000 MPa/wt pct N. These coefficients should be
attributed to a combination of solid solution strengthening in martensite, and increased martensite
fractions related to both the thermodynamic effects of solute nitrogen, and the microstructural




 The effects of nitrogen in other multiphase systems may be of interest, particularly those with
large fractions of austenite. Experiments on transformation-induced plasticity steels [69, 70]
indicate nitrogen has beneficial effects in those systems both for stabilizing additional austen-
ite, and improving tensile strength and elongation properties. Nitrogen may be somewhat
more effective as an austenite stabilizer for these systems compared to carbon, since nitrogen
will not form a precipitate with iron.
 The measurement of nitrogen in the atom probe tomography experiments in this work was
limited by the presence of silicon in the test alloys. Further atom probe work on alloys with
very low levels of silicon could help to clarify the interaction of nitrogen with grain or phase
boundaries, or provide a more quantitative measurement of nitrogen partitioning.
 Preliminary experiments were performed in the current work investigating the possibility of
measuring internal friction in ferrite and martensite separately by using the nanoindenter to
induce vibration. Calculations of the temperature and frequency combinations which would
lead to Snoek peak dampening in steel indicate that interstitial repositioning phenomenon
may be measurable near room temperature at the vibration frequencies that the Hysitron
Ti-950 NanoDMA unit can produce. If a Snoek peak could be detected using this method,
it may be possible to measure free nitrogen (or carbon) in each phase separately using the
nanoindenter.
 Further information about nitrogen partitioning between ferrite and martensite across a larger
scale than was conducted in the current work may be determined from electron energy loss
spectroscopy (EELS) techniques, or possibly electron microprobe analysis techniques. These
techniques may indicate more about nitrogen gradients across the scale of an entire grain,
which could provide more information about the kinetics or sequence of partitioning. A
measurement of the concentration of nitrogen (and also carbon) in ferrite using one of these
techniques may give a better perspective on the interstitial concentration that is necessary to
saturate the dislocation density in ferrite near a martensite interface, though the resolution
of these techniques may not be sufficient to detect such low concentrations.
 Further experiments to determine the kinetics of austenite transformation could be conducted
with more sensitive techniques, such as a laser ultrasonic technique [104]. Though it would
require an instrument with a fairly fast time resolution, in situ diffraction techniques may also
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APPENDIX A
TEMPERATURE AND FORCE DATA FROM HOT ROLLING
Table A.1 – Finishing and Coiling Temperatures for Each Alloy and Condition
Hot Actual Temperature
Rolled Coiling Finishing After Water
Alloy Thickness Temperature Temperature Cooling
LowN-HighAl-Ti
3 mm
550 ◦C 846 ◦C 574 ◦C
675 ◦C 845 ◦C 676 ◦C
6 mm
550 ◦C 862 ◦C 563 ◦C
675 ◦C 863 ◦C 674 ◦C
LowN-HighAl
3 mm
550 ◦C 853 ◦C 509 ◦C
675 ◦C 839 ◦C 670 ◦C
6 mm
550 ◦C 847 ◦C 560 ◦C
675 ◦C 847 ◦C 682 ◦C
LowN-LowAl
3 mm
550 ◦C 842 ◦C 548 ◦C
675 ◦C 860 ◦C 676 ◦C
6 mm
550 ◦C 858 ◦C 608 ◦C
675 ◦C 854 ◦C 666 ◦C
MedN-HighAl
3 mm
550 ◦C 843 ◦C 563 ◦C
675 ◦C 843 ◦C 674 ◦C
6 mm
550 ◦C 859 ◦C 607 ◦C
675 ◦C 866 ◦C 682 ◦C
MedN-LowAl
3 mm
550 ◦C 837 ◦C 566 ◦C
675 ◦C 852 ◦C 673 ◦C
6 mm
550 ◦C 844 ◦C 599 ◦C
675 ◦C 864 ◦C 660 ◦C
HighN-LowAl
3 mm
550 ◦C 845 ◦C 568 ◦C
675 ◦C 843 ◦C 661 ◦C
6 mm
550 ◦C 862 ◦C 575 ◦C
675 ◦C 856 ◦C 636 ◦C
120
Table A.2 – Roll Forces During Hot Rolling for Each Alloy and Condition
Hot Median Roll Force (kips)
Rolled Coiling on Pass Number
Alloy Thickness Temperature 1 2 3 4 5
LowN-HighAl-Ti
3 mm
550 ◦C 260 305 420 640 639
675 ◦C 311 353 458 665 670
6 mm
550 ◦C 77 93 419 633 528
675 ◦C 85 108 420 660 517
LowN-HighAl
3 mm
550 ◦C 270 325 425 638 642
675 ◦C 305 354 445 660 652
6 mm
550 ◦C 88 92 395 635 526
675 ◦C 78 86 415 675 522
LowN-LowAl
3 mm
550 ◦C 262 313 430 635 643
675 ◦C 262 340 444 657 655
6 mm
550 ◦C 87 83 399 612 522
675 ◦C 88 96 425 650 545
MedN-HighAl
3 mm
550 ◦C 279 339 440 637 667
675 ◦C 274 323 337 639 657
6 mm
550 ◦C 95 97 417 645 528
675 ◦C 87 95 437 660 515
MedN-LowAl
3 mm
550 ◦C 259 320 433 647 655
675 ◦C 265 326 440 637 659
6 mm
550 ◦C 86 89 424 652 546
675 ◦C 71 88 435 668 520
HighN-LowAl
3 mm
550 ◦C 272 317 422 648 668
675 ◦C 262 322 443 660 672
6 mm
550 ◦C 76 92 398 645 535
675 ◦C 83 90 425 658 532
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APPENDIX B
PROGRAMS USED IN THE GLEEBLE® 3500 THERMOMECHANICAL
SIMULATOR
Figure B.1 The program used in the Gleeble® 3500 thermomechanical simulator to explore the
kinetics of austenite formation during intercritical annealing at 760 ◦C. (Note that
this program is written to acquire data from the contact dilatometer, if the laser
is used, the acquisition variables should be changed to acquire “Laser” instead of
“Dilatometer” or “Dilatometer.line”)
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Figure B.2 The program used in the Gleeble® 3500 thermomechanical simulator to explore the
kinetics of austenite decomposition at 625 ◦C following intercritical annealing at
760 ◦C for 45 s. (Note that this program is written to acquire data from the contact
dilatometer, if the laser is used, the acquisition variables should be changed to acquire
“Laser” instead of “Dilatometer” or “Dilatometer.line”)
123
Figure B.3 The program used in the Gleeble® 3500 thermomechanical simulator for an inter-
rupted test following the 625 ◦C, 10 min hold to create a metallographic sample to
investigate which phases were formed during austenite decomposition.
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APPENDIX C
CATALOG OF MICROSTRUCTURE IMAGES
C.1 Hot Rolled Microstructures - Light Optical Microscopy
2mm





























Figure C.1 The hot band microstructures etched with 2% nital, and arranged by alloy and hot
rolling condition. Each row represents one alloy, and each column represents one hot
rolling condition. (Nital Etch).
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Figure C.1 (Cont.) The hot band microstructures etched with 2% nital, and arranged by alloy
and hot rolling condition. Each row represents one alloy, and each column represents
one hot rolling condition. (Nital Etch).
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Figure C.1 (Cont.) The hot band microstructures etched with 2% nital, and arranged by alloy
and hot rolling condition. Each row represents one alloy, and each column represents
one hot rolling condition. (Nital Etch).
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Figure C.1 (Cont.) The hot band microstructures etched with 2% nital, and arranged by alloy
and hot rolling condition. Each row represents one alloy, and each column represents
one hot rolling condition.
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C.2 Intercritically Annealed at 760 ◦C for 45 s and Quenched - Light Optical Mi-
croscopy
40% Cold Reduction





























Figure C.2 The intercritically annealed and quenched microstructures, etched with 2% nital and
arranged by alloy and hot rolling condition. Each row represents one alloy, and each
column represents one hot rolling condition.
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70% Cold Reduction





























Figure C.2 (Cont.) The intercritically annealed and quenched microstructures, etched with 2%
nital and arranged by alloy and hot rolling condition. Each row represents one alloy,
and each column represents one hot rolling condition.
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40% Cold Reduction



























Figure C.2 (Cont.) The intercritically annealed and quenched microstructures, etched with 2%
nital and arranged by alloy and hot rolling condition. Each row represents one alloy,
and each column represents one hot rolling condition.
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70% Cold Reduction



























Figure C.2 (Cont.) The intercritically annealed and quenched microstructures, etched with 2%
nital and arranged by alloy and hot rolling condition. Each row represents one alloy,
and each column represents one hot rolling condition.
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C.3 Intercritically Annealed at 760 ◦C for 45 s and Quenched - Electron Backscatter
Diffraction
40% Cold Reduction


























Figure C.3 EBSD image quality maps overlaid with grain boundary misorientation (green: <5◦,






























Figure C.3 (Cont.) EBSD image quality maps overlaid with grain boundary misorientation
(green: <5◦, red: 5–15◦, blue: >15◦) for the conditions intercritically annealed at




Table D.1 – Measured Martensite Percentages and Constituent Sizes for each Alloy and Condition
















40% 48.8 ± 1.6 4.2 ± 0.8 4.1 ± 0.5
70% 54.9 ± 2.5 4.0 ± 0.8 2.7 ± 0.4
High CT
40% 45.4 ± 1.1 4.7 ± 1.0 4.2 ± 0.6




40% 46.3 ± 2.4 3.6 ± 0.8 4.0 ± 0.6
70% 49.4 ± 2.2 3.7 ± 0.5 3.4 ± 0.2
High CT
40% 43.0 ± 2.4 3.9 ± 0.7 4.6 ± 0.5




40% 46.9 ± 2.9 3.2 ± 0.4 3.6 ± 0.4
70% 48.9 ± 2.0 3.1 ± 0.3 3.2 ± 0.4
High CT
40% 44.5 ± 4.1 4.6 ± 0.9 5.2 ± 0.6




40% 43.5 ± 2.2 3.9 ± 0.6 4.1 ± 0.5
70% 49.8 ± 3.0 5.1 ± 0.8 3.7 ± 0.5
High CT
40% 40.8 ± 2.8 4.5 ± 1.1 5.2 ± 0.8




40% 47.8 ± 2.5 3.6 ± 0.7 3.7 ± 0.4
70% 50.1 ± 1.5 3.1 ± 0.4 2.5 ± 0.3
High CT
40% 43.8 ± 1.8 4.6 ± 0.8 4.7 ± 0.6




40% 47.2 ± 2.2 3.4 ± 0.6 3.5 ± 0.5
70% 54.2 ± 2.3 4.7 ± 0.5 3.7 ± 0.3
High CT
40% 47.8 ± 1.7 5.7 ± 0.9 4.5 ± 0.6
70% 51.0 ± 1.9 4.1 ± 0.5 2.9 ± 0.4
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Table D.2 – Measured Martensite Percentages and Constituent Sizes for Selected Conditions










LowN-HighAl-Ti High CT 70% 26.7 1.0 1.8
MedN-LowAl
High CT 70% 31.3 1.0 1.4
Low CT 70% 33.3 1.0 1.5
HighN-LowAl Low CT 70% 37.1 0.9 1.1
Table D.3 – Measured Martensite Percentages for LowN-HighAl-Ti, High CT and HighN-LowAl,







725 ◦C 0.060 0.188
735 ◦C 0.185 0.253
760 ◦C 0.502 0.542
136
